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SUMMARY
Epitaxial graphene is an exceptional platform for high performance carbon nanoelec-
tronics and fundamental transport studies. Compared to exfoliated and CVD graphene,
epitaxial graphene exhibits robust electronic transport and is best suited to wafer scale fab-
rication of high performance devices. However, due to its ultra-high crystalline quality,
dielectric integration into epitaxial graphene systems is challenging. High-K metal oxides,
such as Al2O3, have been widely investigated as a top gate; yet, despite innovative surface
treatments and deposition techniques, current dielectric implementation reduces graphene
transport performance and reliability. In this work, hexagonal boron nitride, a complemen-
tary 2D dielectric to graphene, is grown directly on epitaxial graphene surfaces via a novel
lateral atomic deposition (LAD) technique for protection and gating. The hBN sp2 hy-
bridization and layered stacking are confirmed via HRTEM, XPS, and HRXRD. Selective
growth of 2D hBN is observed on graphene surfaces, in contrast to traditional dielectric de-
position techniques which exhibit significantly reduced film quality on graphene. Raman,
LEED, and van der Pauw resistance measurements demonstrate good graphene properties




For decades, the semiconductor industry has relied on the continual reduction in silicon fea-
ture size, known as Moore’s Law, to advance computational capability. However, as silicon
processing approaches single nanometer lengths, transistor performance no longer scales
with channel length. Reducing channel length gives obvious performance benefits includ-
ing faster operating speed and increased device density, but it also carries several caveats:
unreliable ultra-thin dielectric layers, pronounced electromigration, increased leakage, re-
duced mobility, enormous thermal loads, and short channel effects. Short channel effects
occur when the channel length is on the same length scale as the depletion-layer width
and cause barrier lowering and punch through, surface scattering, velocity saturation, im-
pact ionization, and hot electrons. To control short channel effects, the channel doping can
be increased, but then mobility is reduced. It has become clear that silicon-based CMOS
technology has intrinsic limitations which can only be overcome by a new material system
which can accommodate higher operating frequencies, while supporting higher operating
temperatures.
1.1 Electronic Transport
Electronic conduction in solids is classically described by the Drude model, which likens
electronic transport to kinetic gas theory. In the presence of an electric field, E, an electron
feels a force of −qE, where q is the electron charge. From F = ma, the velocity of an
electron after a collision with random scattering direction is v = −qEt/m. By considering






















Conductivity, σ, (σ = 1/ρ where ρ is the resistivity) is then defined as
σ = nqµ. (1.4)
By considering the density of states, N , at the Fermi level, EF , and the charge diffusiv-
ity, D, σ can be rewritten as
σ = q2N(EF )D (1.5)







allowing electron mobility to be related to charge density and scattering time. Further,













+ · · ·. (1.7)
The rule is limited in its quantitative application as it assumes that the factors are all inde-
pendent, but it provides a sufficient description for the influence of many scattering sources
on electronic transport, especially when considering the influence of adsorbed species and
thin films.
While the Drude model describes metallic systems surprisingly well, it is suspected that
more complex multi-particle interactions are required to describe the transport behavior
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observed in graphene. Nonetheless, to a large degree, it will sufficiently describe transport
phenomenon related to adsorbed species, amorphous dielectric over-layers, and epitaxial
heterostructures. All of these interactions have a tendency to drastically reduce electronic
transport in graphene devices.
1.2 Graphene
A leading candidate for future high frequency nanoelectronics is graphene [1]. Graphene
is a two-dimensional carbon honeycomb lattice, as shown in Figure 1.1a, with ultra-high
carrier mobility and Fermi velocity.[2] It also compares favorably to silicon for use in high
temperature and harsh environments due to its exceptional thermal and chemical stability.
Due to the high strength C-C sp2 bonding, graphene is also immune to electromigration.
Over the past decade, research has highlighted a breadth of synthesis methods and potential
applications for graphene, as well as its use for fundamental transport studies, due to its
unique linear band structure.
The noteworthy electronic transport properties of graphene are derived from the nearly
linear bands that occur at the K and K’ points in the Brillouin zone. The band structure





















where ε is the on-site energy, t is the π-bonding transfer integral, s is the overlap integral,
a is the lattice parameter, and kx and ky are the momentum components [3]. These linear
bands give rise to uniform density of states with increasing Fermi energy and photon-like






Figure 1.1: a) Graphene is a planar hexagonal carbon lattice with a basis of two carbon
atoms, A and B. b) The band structure of graphene within the 1st Brillouin zone exhibits
two Dirac cones at the K and K’ points. Their linear intersection gives rise to the unique
electronic transport properties of graphene.
1.2.1 Graphene Production Methods
Graphene production has been largely focused in four areas: mechanical exfoliation [4],
chemical vapor deposition (CVD) [5, 6], reduced graphene oxide (rGO) [7], and epitaxial
growth on hexagonal SiC [1]. Mechanical exfoliation of highly ordered pyrolytic graphite
(HOPG) is not industry scalable and CVD on catalytic metal foils, to date, has not demon-
strated necessary large scale transport properties for high performance nanoscale devices.
Exfoliated graphene flakes are limited to a few micrometers in size and must be individu-
ally isolated prior to device fabrication. While CVD graphene can be produced at the wafer
and panel scale, it must be transfered to an insulating substrate. This process introduces de-
fects and contaminants [8], significantly reducing mobility. While the transport properties
of CVD graphene are suitable for many low cost and flexible devices, high performance
electronics demand a higher quality material. Reduced graphene oxide exhibits high defect
concentrations and is ill-suited for nanoelectronic devices.[9]
Epitaxial graphene does not suffer from these problems. In 2004, epitaxial graphene,
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produced via the known reorganization of the deconstructed SiC surface[10, 11], was
demonstrated as an electronics material [1]. High quality epitaxial graphene has since
been produced at the wafer scale [12, 13] and does not require transfer to an insulating sub-
strate.[1] Further, SiC processing is a mature technology and is compatible with CMOS fab-
rication processes. Due to these advantages, epitaxial graphene devices are free from some
of the challenges which plague exfoliated and CVD graphene, enabling devices with excep-
tional transport properties over unprecedented length scales. As such, epitaxial graphene is
the leading graphene technology for high performance, high frequency electronics and will
be the focus of this report.
Exceptional transport in epitaxial graphene is due to low defect densities and high qual-
ity nanostructures. Lithographically defined and plasma etched graphene devices exhibit
reduced performance, likely due to etch damage of the graphene edges and surface contami-
nation from resist residue. However, epitaxial graphene can self-assemble into nanoribbons
on pre-patterned SiC, eliminating the need to directly pattern the graphene, preserving the
pristine edge and surface quality.[14, 15] For this reason, and the observed exceptional
ballistic conduction [15], much recent work has been focused on understanding graphene
nanoribbon production and transport.
Over the past decade, epitaxial graphene devices have showcased the promise of graphene
electronics. Large arrays of nanoribbon transistors were fabricated with a device density
of 40,000 per cm2 [14]. Wafer scale epitaxial graphene was demonstrated with arrays of
field effect transistors (FETs) with fmax of 10 GHz for 240 nm gate lengths [12]. Ultra-
high frequency transistors, exhibiting fmax of 70 GHz were produced on monolayer C-face
graphene [16]. Ballistic conduction has been observed up to 16 µm and exhibits two length
dependent carrier decay mechanisms [15]. This observation is key to understanding ballis-
tic conduction in graphene and is currently undergoing much scrutiny. Spin transport has
become an important area of study, following observation of spin diffusion lengths greater
than 300 µm[17]. Nanoselective area growth of GaN was achieved on SiC utilizing an epi-
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taxial graphene mask [18] opening doors for integration into LEDs, photonic devices, and
as a mask for patterned nanostructure growth.
1.2.2 Electronic Transport in Graphene
One striking disadvantage of graphene compared to silicon is the lack of band gap. All
attempts to open a band gap in graphene are coupled to a distinct reduction in mobility.[19,
20, 21] Currently, instead of opening a band gap in the graphene, we are exploring al-
ternative transistor architectures, such as tunneling field-effect transistors (TFET). Small
gaps or nanoscale dielectric tunneling junctions between gated ballistic leads could be used
to achieve digital functionality with graphene-based electronics [22]. Alternatively, other
semiconducting 2D materials, such as the buffer layer, boron nitride, or transition metal
dichalcogenides could be integrated into graphene circuits and gated. It is important to
note that these novel devices all require integrated materials.
Graphene owes its photon-like electronic transport to the robust symmetry of the crys-
tal, as described above. Unfortunately, freestanding graphene (not on a substrate), free of
adsorbate and coatings is of little industrial interest. Devices require substrates to remove
heat and integrate the device at the system level, dielectric and semiconducting materi-
als to modulate the current, and films to provide environmental protection. All of these
can sharply degrade electronic transport in graphene. As such, great efforts have been
undertaken to preserve the unique electronic transport of graphene, and, in particular, the
ballistic conduction observed in epitaxial graphene nanoribbons. Examples include vac-
uum wafer bonding[23], an exhaustive study of amorphous dielectric coatings, and trans-
fered 2D materials. As will become clear, all past efforts have been unable to preserve
graphene electronic transport, stalling further graphene study and impairing development
of graphene-based industrial technologies.
Despite unique electronic transport and vast financial commitment, graphene has yet
to be integrated into commercial electronics. This is partially due to exceptional chemi-
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cal stability of graphene, which, while protecting the crystalline symmetry imperative to
the transport phenomena, is a significant hurdle for the high quality dielectric interfaces
necessary for reliable electronic devices. In order to be technologically relevant, FET gate
materials must be sufficiently thin to modulate the density of states under moderate volt-
ages, exhibit low leakage currents to reduce power demands and preserve signal integrity,
and exhibit high quality interfaces to minimize scattering and protect the channel material
from environmental contamination. Complicating this task is the fact that pristine graphene
exhibits no dangling bonds and cannot easily be wetted by traditional semiconductor di-
electric materials, such as high-K metal oxides, or metals. Dielectric layers that preserve
graphene’s high mobility, while being thin enough to function as a gate or tunneling bar-
rier, are required for further graphene nanoelectronic development, as well as fundamental
transport studies.
The conductivity, σ, of graphene can be describe as:
σ(n, nK , T ) = (σpristine(n)
−1 + ρph(T ) + ρK(n, nK , rc(T ))
−1 (1.10)
where σpristine is the conductivity of a pristine graphene sheet with carrier density, n, ρph is
the resistivity due to phonon scattering at a given temperature, and ρK is the resistivity due
to scattering of charged adsorbate atoms of density, nK , rc is the coherence length.[24]
A major contributer of adsorbate atoms is environmental contamination.[25] The im-
mediate degradation in electronic transport upon exposure to air is demonstrated in Figure
1.2. Upon removal from the production furnace, the resistance of epitaxial graphene rib-
bons begins to increase in response to environmental contaminants [26, 27]. While the
exact species have yet to be identified, water, oxygen, and organic molecules are likely
candidates. These molecules, often polar, create charged scattering sites. While the perfor-
mance drop is reversible upon vacuum annealing, there is an imperative need to protect the
graphene in situ, before exposure to atmosphere. Similarly, non-stoichiometric amorphous
oxide films, as is nearly always the case in very thin layers, also contribute scattering cen-
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ters. It is then clear that films such as Al2O3 and HfO2 are poor coating choices given the
sensitivity of the electronic transport properties of graphene to adsorbed scattering centers
and roughness.
1
Blue: immediately after growth
Red: 24 hours after growth
Yellow: vacuum after annealing
Courtesy of Dogukan Deniz
Figure 1.2: Environmental contamination causes degradation in graphene nanoribbon con-
ductivity. The conductivity can be recovered through vacuum annealing. Data courtesy of
Dogukan Deniz [28]
1.3 Thin-Film Nucleation and Growth
Thin films are layers of material ranging from a single atom (monolayer) up to a few
micrometers thick. They are a major manufacturing technology to modify the mechani-
cal, chemical, optical, and electronic properties of surfaces. In nanoelectronics, thin films
have been implemented largely as dielectric layers, metal interconnects, and environmental
protection. Over the past decade, the micromachined silicon surface, which was used as
the channel material in transistors for logic applications, has been replaced with epitaxial
strained silicon thin films. As silicon dimensions continue to fall, new material systems are
being investigated which will demand highly controlled thin film growth.
For the sake of clarity, the following discussion will largely be based on a cubic, Kos-
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sel crystal, as shown in Figure 1.3. While the crystal systems discussed in this thesis are
hexagonal, there are no available accurate estimates for many of the associated energies.
As such, the analytical results of the Kossel crystal will provide qualitative mechanism
trends to guide experimental direction. Also labeled in Figure 1.3 are adatoms, mobile sur-
face species, step adatoms, mobile species constrained to motion along a step edge, terrace
atom, atoms defining the periodic surface potential, terrace vacancies, missing atoms in the
surface terraces, kinks, bends in edges leading to half-crystal sites, and Ehrlich-Schwoebel
(ES) barriers, energy barriers which must be overcome in order for adatoms to cross steps
(2D) and kinks (1D). It is important to remember that these barriers are typically asym-
metric, meaning the energy to climb a step is different than the energy required to descend
a step.[29] The interactions and consequences of these features combine to describe film
growth and surface reconstruction.
Figure 1.3: A Kossel crystal is a cubic model often used to qualitatively describe real-world
crystal growth and rearrangement processes. Ehrlich-Schwoebel (ES) barriers are energy
barriers which must be overcome for adatoms to cross steps and kinks.
Most thin film growth does not occur under thermodynamic equilibrium conditions. A
9
balance between the equilibrium energy minimum, related to the surface energies, temper-
ature, and chemical bonding, and the kinetics, related to the flux and diffusion rate of the
molecular or atomic species, determine how and if a thin film will grow.[29, 30, 31] In
general, thin film growth occurs in three stages:
1. Removal particles from source material
2. Transport of particles to the substrate
3. Condensation of particles on the substrate
Each step must be carried out efficiently if reasonable growth rates are to be achieved.
Often the flux of particles from the source is modulated via temperature or plasma
bombardment. Evaporators and most chemical vapor deposition (CVD) systems heat, or in
the case of liquid precursors with high vapor pressures, chill, the source material to control
the vapor pressure. Tight control over vapor pressure is critical to ensure reliable deposition
processes. Alternatively, sputtering systems remove clusters of material from solid targets
via plasma bombardment.
The liberated particles must then be transported to the substrate. In high vacuum con-
ditions, such as in evaporators, line-of-sight deposition conditions occur. In CVD systems,
a carrier gas is typically employed. The gas is often chosen to be inert, but reactive carriers
can be used to aid in precursor decomposition or provide reactive species. If the particles
are charged, a substrate bias can be applied to modulate the impingement energy and is
often used to control film stress.
Once the particles impinge on the substrate, they must condense to form the film. The
processes that occur on the surface will be discussed in detail in the following sections.
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1.3.1 Transport of Particles on the Surface
When presented with a vapor, a surface will have an equilibrium concentration, ns of
adatoms on its surface defined by
ns = n0e
−Ws/kT , (1.11)
where Ws is the energy of evaporation, n0 describes entropy, k is Boltzmann’s constant,
and T is temperature. The vapor can be of a foreign species or contain the same species as
the substrate. There are then three processes which can occur on a surface:
1. Exchange between the vapor and adsorbed particles
2. Diffusion of adatoms across the surface
3. Diffusion of adatoms along edges
Burton, Cabrera, and Frank (BCF) developed a step flow growth theory relating the
step-flow velocity to adatom desorption rates, adatom movement, and the diffusion of
atoms over steps and kinks.[32] From this, the affect of the terrace width on step flow
velocity (i.e. crystal growth) can be determined. Their model assumes a random walk of
the adatoms, where an adatom can move a single atomic position per jump. Therefore, the
mean travel of adatoms, xs, can be described by a random walk model such that
xs
2 = Dsτs, (1.12)
where Ds is the diffusion coefficient and τs is the length of time an average particle spends
on the surface before evaporating. For monatomic species the Ds and τs can be written as:
Ds = a




where Us is the energy required to jump between two neighboring surface sites, a is the
distance between those sites, an ν is the frequency factor ( 1013 Hz for monatomic species).
For monatomic species ν ≈ ν ′; however, in the case of complicated molecules, ν and ν ′ will
differ. These relations serve as an upper bound on adatom mobility as molecular species
are considered. Substituting back into Equation 1.12 and assuming simple molecules, it
becomes clear that the necessary conditions for significant surface diffusion are xs > a,
which demands that Ws > Us, as shown in
xs = ae
(W ′s−Us)/2kT . (1.15)
Further, as temperature increases, the likelihood that an adsorbed species remains on the
surface decreases, so xs also decreases. In typical systems, Lennard-Jones forces lead
to xs ≈ 400a for close-packed surfaces at φ/kT ≈ 4, where φ is the nearest neighbor
interaction. It is important to note that xs has a strong dependency on the underlying
crystal face. For a (100) face of a FCC crystal, xs ≈ 3000a.[32]
As an atom or molecule moves across a crystal, it must overcome various energy bar-
riers related to the crystalline surfaces, kinks, and steps. The Terrace Step Kink (TSK)
model was developed to describe how crystalline surfaces rearrange and defects form from
a thermodynamic limit.[33, 34] As adatoms move across a crystal terrace, they experience
a periodic potential, V , of













where the amplitude of the potential well isW = gφd. The desorption energy is represented
by φd and g is a factor ranging from 1/30 for van der Waals interactions to 1/3 for covalent
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bonding.[35] This amplitude, W , is also the activation energy for surface diffusion.
In 2D materials, such as sp2 bonded graphene, there are no dangling surface bonds and
very little roughness to serve as traps for adatoms. Therefore, the graphene sp2 surface
presents a significantly reduced interaction with adsorbed species, and thus, a much lower
Ws and Us compared to traditional systems. The activation energy to desorb saturated 5-6
member cyclic hydrocarbons from silicon is on order of 2.5 eV[36] compared to 0.5 eV
for HOPG surfaces[37] .In fact, on graphene, adatoms will be much more mobile and the
temperature dependence of adatom diffusion will be less severe.
1.3.2 Thin Film Nucleation
As adatoms diffuse on a substrate, the system rearranges to minimize its energy. For film
growth to proceed, the first step is to create a stable nucleus. This occurs either via ho-
mogeneous, a thermodynamically stable structure on an infinite surface, or heterogeneous
nucleation, where surface features reduce the energy barrier to nucleation.
First, whether 2D or 3D nucleation will occur is determined by a balance of supersatu-
ration, ∆µ, strain ε, and surface energies. For square lattice, 2D nucleation is favored when




while 3D nucleation occurs when




where surface energies of the free substrate, free nucleus surface, and nucleus-substrate
interface are σs, σ, and σi, respectively. The area of an atom in the atom is sc. For a
hexagonal lattice, the number of in-plane bonds, n, is three. Therefore, at moderate to high
supersaturations, 3D nucleation is thermodynamically prohibited. In 2D crystals, such as
graphene and BN, the surface and interfacial energies are small which will reduce the need
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for high supersaturation to achieve 2D nucleation.[29, 30].
Homogeneous thin film nucleation is most readily explained by considering an atomi-
cally flat substrate, free of defects and step edges. A large, flat sheet of pristine graphene is a
perfect example. If a single atom lands on the surface, it will come in thermal equilibrium
with the substrate, but causes an increase in the surface energy. Naturally, in deposition
systems, many atoms are impinging on a surface, so if they remain on the surface, these
adatoms will collide and form a cluster of sufficient size to minimize their collective energy
and form a nucleus for subsequent crystal growth. For a 2D system, such as occurs in a
layer-by-layer growth mechanism, the free energy change, ∆Gtotal, can be described by
∆Gtotal = πr
2∆Gv + 2πrγ, (1.19)
where r is the radius of the cluster, δGv is the volume free energy, and γ is the interfacial
energy. This defines a critical nucleus size, r∗, as
r∗ = − γ
∆Gv
. (1.20)
These relations are shown in Figure 1.4. It is important to note the temperature dependence





where ∆Hm is the latent heat of melting, Tm is the melting temperature, and ∆T = Tm−T .
As such, the temperature dependence of r∗ is
r∗ = − γTm
∆Hm(Tm − T )
, (1.22)
which will cause r∗ to increase with temperature. Therefore, nucleation can be reduced by

















Figure 1.4: The balance between the interfacial surface free energy determined by the area
of the nucleus and edge free energy give rise to a maximum in the total free energy which
defines the critical nucleus size, r∗. Clusters smaller than this are unstable and will shrink,
while clusters larger than r∗ are thermodynamically stable and will grow.
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As real substrates contain defects and atomic step edges, heterogeneous nucleation of-
ten occurs. At these preferential sites, the interfacial energy is reduced, thus lowering the
nucleation barrier. In most thin film deposition systems, heterogeneous nucleation is dom-
inant.
The kinetics of the system can also affect nucleation. If layer-by-layer growth is desired,
nucleation on plateaus must be eliminated until the previous layer is complete. To ensure
lateral growth, the temperature must be sufficiently high for adatoms on the top of the
plateau to overcome the ES energy barrier to fall to the lower level. Also, homogeneous
nucleation on the plateau must be eliminated. Therefore the flux of particles must be low
enough that there is only ever a single particle on the plateau.[29] The density of free
particles on the surface can be modulated by reducing the rate of impingement (ie. reduce
partial pressure of source), by increasing the diffusion rate of the particles on the surface
by increasing the substrate temperature, or by finding conditions which result in smaller
plateaus with higher density.
1.3.3 Epitaxy
Thus far, the fundamentals of surface diffusion and thin film nucleation can be generalized
to all types of film depositions. Epitaxy refers to a crystalline film grown on a crystalline
substrate, such that the lattices exhibit a well-defined alignment. Nanoelectronics require
epitaxial crystalline layers as the relative orientation of films has a strong affect on the elec-
tronic transport both at the surfaces and across the interface as exemplified by measuring
the resistance while rotating graphene flakes on BN.[38] While amorphous films can act as
a quasi neutral scattering source, if they exhibit pinholes, island morphologies, roughness,
or non-uniform composition, scattering due to the dielectric layer can sevey impact device
performance. In such systems, such as graphene, epitaxial dielectric layers are required.
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Conditions for Epitaxy
In typical epitaxial processes, the lattice, both in terms of symmetry, lattice constant, and
bonding character of the film and substrate must be similar. The structure of the substrate
strongly influences the arrangement of the epilayer. If the lattices are well matched, stress
buildup can be accommodated elastically and will relax over the first few layers without
resorting to defects in the film. The mismatch, f , is defined by f = (b− a)/a, where a and
b are the lattice parameter of the two materials. Typically, less than 15% percent difference
is tolerated[39]; however, it is important to note that a supercell can be used as a lattice
parameter and that crystals can rotate with respect to each other.[40] A good example is





3R30◦ reconstruction with respect to the SiC lattice.[41] As such, a more fitting
condition is that the lowest energy configuration must present only a few percent mismatch.
Further, the coefficient of thermal expansion (CTE) of the two materials must be con-
sidered to prevent delamination or cracking of the epilayer. If materials exhibit large dif-
ferences in CTE, large stress gradients will build during cooling, even if the lattices were
well matched at growth temperature. For these reasons, homoepitaxial growth, where the
epilayer is the same material as the substrate, is often a more straightforward process.
Heteroepitaxy involves dissimilar materials and can introduce defects at the interface
which reduce electron mobility, optical efficiency, and carrier concentration. Common
defects are screw dislocations, stacking faults, and dislocations due to dopants. As the film
grows to a critical thickness, the stress will increase until the building strain causes a break
in the dislocation.[30]
Epitaxial Interfaces
The interface between substrate and epilayer is determined by the lattices and chemical
bonding. Mayer identified layered adatoms, periodically strained layers, homogeneously
strained layers, interdiffusion layers, and distinct chemical compounds as possible inter-
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faces as shown in Figure 1.5.[42] In the case of homogeneously strained layers, Frank and
van der Merwe concluded a maximum allowable elastic strain of 14%, which is comparable
to the result of Royer[39]. Again, it is convenient to look at the epitaxial graphene system.
On the Si-face, the buffer layer is a periodically strained carbon layer between much less
severely strained graphene and SiC layers. On the C-face, the graphene layers rotate by 30◦
with respect to the SiC lattice without a distinct buffer layer.[43]
Figure 1.5: Epitaxy is a category of thin film growth in which the film lattice exhibits a
preferred alignment with the substrate lattice. There are three common epitaxial interfaces:
commensurate interface in which the film and substrate lattices align, incommensurate in
which the interface layer is left with dangling bonds, or pseudomorphic in which a uniaxial
strain accommodates the mismatch. Reprinted from [44]
For many traditional 3D systems, the misfit dislocation model is an adequate starting
point to describe the epitaxial interface. In this model, film bonds are considered elastic
and are subject to a periodic potential determined by the substrate. If the lattice spacing
of the substrate is larger than the film, then the atoms at the substrate surface will be un-
der compression, while the film atoms will be under tension. If the difference is too large
to be accommodated elastically, dislocations are introduced. This affect can also be ob-
served after some critical thickness in systems where a homogeneous strain produces a
pseudomorphic overlayer. The stress builds linearly with thickness until a dislocation is
introduced.[30]
In semiconductors, such as SiC, the anisotropic bonds lead to dislocations at the in-
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terface.[45, 46] This is particularly important when designing electronic devices based on
heterostructures as dangling bonds produced at the interface can create conducting energy
bands in the gap, but is only important if the adhesion between the crystals is large.[47]
When considering a dielectric-graphene interface, the quality of the graphene can influ-
ence the ability to form an epitaxial overlayer. On a pristine graphene surface, there are no
pinned nucleation sites, thereby enabling nuclei rotational freedom to find the lowest en-
ergy orientation and form epitaxial films. In such a system, the coincidence lattice model
can be applied which treats the lattice of the substrate and the lattice of the film as rigid,
as shown in Figure 1.6.[48] This is nearly the case in van der Waals solids due to the very
weak interlayer interaction. Differing lattice constants are accommodated predominantly
by rotation of the crystals to minimize free energy. In reality, pinned locations due to de-
fects or graphene edges can limit the ability of van der Waals solids to accommodate large
mismatches, particularly on the nanoscale.
Figure 1.6: The coincidence lattice model describes systems where the epilayer (black
circles) and substrate (red circles) lattices are considered rigid. Instead of accommodating
the mismatch through strain, the crystals can rotate with respect to each other to minimize
the free energy. This often occurs in van der Waals solids due to the very weak interlayer
interactions.
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A further benefit to the weak interaction of an epilayer on a graphene substrate is a very
weak dependence of chemical potential, µ, with film thickness. In systems with strong
adhesion, the interfacial layers exhibit differing bonding conditions than in the bulk crystal.
This results in a thickness dependent chemical potential, described by




where n is the number of monolayers, φa represents the work to separate from a half-crystal
position and the prime denotes the presence of a different substrate material. The theory
is derived from the Lennard-Jones potential and satisfactorily describes the adsorption of
noble gases onto graphite surfaces.[49] This variance in chemical potential can lead to
varying growth conditions, such as the Stranski-Krastanov regime, to be discussed in the
next section.[30] This is often an undesirable growth mode for nanoelectronics, but one that
is hard to avoid. Fortunately, the weak interlayer interactions in 2D materials minimize this
effect.
Epitaxial Growth
When adding molecules to a crystal edge, assuming the crystal is larger than r∗, the result-
ing free energy must be less than the free energy of molecule prior to filling a site on the
edge if growth is to occur, as shown in Figure 1.7. The free energy of the crystal phase
is lower than the mobile phase by ∆h which represents the change in enthalpy due to the
phase transition. The energy barrier, ∆U stems from preceding chemical reactions, such as
the decomposition of precursors and the orientation rearrangement of complex molecules.
Thin film growth can be described by the relative strength of the interactions between
the adatoms (or molecules) themselves and between the adatoms and substrate. Often, the
interaction between the film and substrate can create gradients in the surface chemistry











Figure 1.7: The free energy as a mobile species must be reduced as it becomes a stable part
of the crystal edge. The enthalpy of solidification is ∆h, while ∆U represents the barriers
due to preceding precursor reactions.
In general, for film growth to occur, the free energy, G, must be decreasing towards the
bulk value as layers build. Hence the chemical potential is defined by the slope of the free





and must always be negative if film growth is to occur. This has been shown to be an
equivalent to wetting conditions described by balanced surface tension. Thus, there are
three distinct free energy paths, as shown in Figure 1.8 which give rise to three growth
regimes that are distinguished by the change in chemical potential, dµ/dn.
In a practical sense, the chemical potential can be described by
µ(n) = µ∞ + φa − φ′a(n) + εd(n) + εe(n) (1.25)
where µ∞ is the bulk chemical potential, φa is the desorption energy of an adsorbate from
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(a) Volmer-Webber G(n) showing dµ/dn < 0,
which leads to immediate island formation.
(b) Frank-van der Merwe growth is defined by
dµ/dn > 0. This condition demands that lay-
ers are completed prior to building a subsequent
layer.
(c) Stranski-Krastanov G(n) showing an inflec-
tion point, corresponding to a critical thickness,
nc at which growth transitions from layer-by-
layer to island formation.
Figure 1.8: The curvature of free energy of adsorbed atoms, G, as a function of monolayer,
n defines the three possible growth regimes: Volmer-Webber (Fig. 1.8a), Frank-van der
Merwe (Fig. 1.8b), and Stranski-Krastanov (Fig. 1.8c). The solid line is G(n) which
approaches the substrate surface energy, σs,0. The dashed line shows the asymptote to
the bulk free energy of the over-layer, α∞. The dotted line is a representative tangent at
arbitrary n, and denotes the chemical potential, µ, of that layer.
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the same material, φ′a is the desorption energy of an adsorbate from the substrate, εd is the
per atom misfit dislocation energy, and εe is the per atom homogeneous strain energy, and
n is the film layer [30]. When considering small strains, thin film growth falls into several
regimes, as shown in Figure 1.9 and are differentiated as:
1. Volmer-Weber Growth: island formation when adatom cohesion is greater than sur-
face adhesion forces, such that dµ
dn
< 0
2. Frank-van der Merwe Growth: layer-by-layer growth when surface adhesion is greater
than adatom adhesion, such that dµ
dn
> 0
3. Stranski-Krastanov Growth: layer plus island growth due to a shift in conditions
As growth proceeds and G(n) approaches the bulk value, a∞, growth will continue by
the simultaneous growth of several monolayers.[50] As previously stated, 2D materials
approach the bulk value within the first few monolayers, which may reduce uniformity in
few nanometer thick 2D films. While these thermodynamic criteria for film growth modes
were originally investigated with respect to epitaxial films, they were later applied to all
film growth modes by Markov and Stoyanov.[51]
Nanoelectronics demand films with uniform thickness over large areas (one of the few
examples where 3D growth is desired is for quantum dots).[29] This is most often achieved
through deposition processes which fall into the layer-by-layer, Frank-van der Merwe,
growth regime. Strong adhesion between the film and substrate enables a robust interface
to delamination, environmental effects, and electronic transport.
Traditional silicon-based devices utilize amorphous oxide layers as they are free of
grain boundaries and readily form robust films on the silicon surface (silicon oxide). This
strong adhesion leads to high nucleation density, approaching a saturated monolayer in
the case of a well designed ALD process. The self-limiting nature of the chemical re-
action leads to a Frank-van der Merwe growth mechanism, enabling highly uniform, few
nanometer thick films over large wafers. Further, high deposition rates favor layered growth
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Strain induced shift 
from FMVM
Figure 1.9: Thin-film growth transitions from Volmer-Weber growth to Frank-van der
Merwe growth in response to the surface chemistry. Islands are formed when the adhe-
sion within the film is larger than between the film and surface. When adhesion between
the film and surface is larger, thin film growth proceeds in a layer-by-layer fashion. As the
surface changes due to chemistry or induced strain, the growth mechanism may shift from
a layer-by-layer mode to produce islands.
by limiting adatom mobility. This effect has been used in attempts to grow uniform metal
films on graphene, to be discussed in the next section
When the adhesion between the film and substrate is very low, growth conditions favor
the 3D island formation of the Volmer-Weber regime. Adatoms strongly adhere to one
another, and in order to reduce the surface tension, bead up similar to water on a waxed car.
Island dominated growth results in films with non-uniform thicknesses. In films up to a few
nanometers thick, pinholes are often present. High substrate temperatures also favor island
formation as the higher diffusivity enables adatoms to overcome the half crystal activation
and move to produce the equilibrium crystal shape.[29, 30] In 2D materials, this is less of
a concern as the thermodynamic drive to build vertically is reduced.
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Kinetics of Epitaxial Growth
The above thermodynamic discussion determines the equilibrium growth conditions for
thin films; however, typical deposition systems operate far from equilibrium. Two impor-
tant factors that affect the kinetics of growth are substrate temperature and precursor flux
(ie, the rate of deposition).
By considering the surface coverage of monolayer n, Θn, it can be shown that the rate








where θ is a dimensionless time given by Rt/N0, where R is the rate of arrival and t is







Therefore, smooth films can be formed by minimizing Mn under the random walk sur-
face diffusion limit. This can be accomplished by reducing surface mobility by lowing
the substrate temperature or by increasing the deposition rate to out compete surface diffu-
sion.[30, 52] This approach has been employed by holding HOPG substrates at cryogenic
temperatures during evaporation of metals.[53, 54, 55]
More recently, it has been observed in Au on HOPG that Levy flight can occur during
deposition.[56] This allows for longer jumps, and as adatoms approach ballistic transport
conditions, slows step velocity.[57] The velocity is dependent on β which varies between
1, corresponding to ballistic flight, to 2, which is the limit for classic random walk, such
that






where qn = 2πn/y0, y0 is the width of a terrace, and u0 is related to the concentration of
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adatoms on the terrace. In the case of ballistic flight, step velocities approaches zero as
adatoms simply skip over the steps.[57] As such, for sp2 systems, in order to avoid island
nucleation at high temperatures, low precursor flux is expected to be critical. Also, substrate
temperature should not be so high as growth will cease if pure Levy flight conditions are
maintained.
Island formation can be overcome by raising the temperature and reducing the deposi-
tion rate, such that step flow dominates growth. At high temperatures, the adatom mobility
and the critical nucleus size, as described in Equation 1.22, become larger. Thus, if the flux
of adatoms is sufficiently low, the likelihood of the formation of a new nucleus on a terrace
is low and the adatoms will find an edge of the previous monolayer and contribute to lat-
eral growth. Additionally, for an adatom to traverse a step, the Ehrlich-Schwoebel energy
barrier, shown in Figure 1.3 must be overcome.[58, 59] Naturally, at higher temperatures,
the barrier is effectively reduced. This scenario will be discussed in detail in Chapter 4 and
is the basis of Lateral Atomic Deposition technology for 2D heterostructure production.
1.3.4 Epitaxy in Graphene Systems
A necessary development if 2D materials are to become industrially relevant is the arbitrary
stacking into vertical heterostructures. Despite large variances in lattice constant, 2D mate-
rials all exhibit weak van der Waals forces between the layers. Therefore, in van der Waals
solids, the lattice mismatch requirements are significantly relaxed as the layers can slide
over one another without inducing a large stress. Epitaxial layers have been demonstrated
with over 50% lattice mismatch which gives much promise that these 2D materials can be
arbitrarily stacked.
Metals deposited under UHV conditions on pristine graphite surface fall into the Volmer-
Weber regime, yet can exhibit epitaxial growth due to weak interactions with the graphite
surface. Wende, et al, demonstrated aluminum islands with (111) orientation on HOPG ter-
races, and that small islands retain atomic mobility, a testament to the weak bond strength
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[60]. Two dimensional metal clusters show a maximum size of about 10-20 adatoms, after
which, 3D growth is observed [61]. Gold deposited at room temperature on HOPG(0001)
surfaces shows dendrite growth and exhibits epitaxial orientation between Au(111) and
HOPG(0001) [62]. Gold deposition on HOPG was then studied at elevated temperatures,
ranging from 100-350 ◦C. It was observed that at temperatures above 100 ◦C, gold transi-
tions to faceted growth [63, 64]. Single crystal platelets, grown above 200 ◦C often exhibit
dimensions on order of 100 nm [63].
Sample cleanliness is imperative to achieving epitaxial growth as the surface must be
vacuum cleaned prior to metal deposition and is directly related to the break down of epi-
taxy at thicknesses exceeding 1 nm [65]. It may be possible to extend epitaxial regions by
annealing at 600 ◦C, following work by Evans et al, where polycrystalline gold deposits
were heated, resulting in large epitaxial gold grains [66]. However, well chosen surfactants
can actually aid in epitaxy by modifying the surface energy. Examples include oxygen ad-
sorbed Cu(001) during Fe film growth[67] and even extremely low concentrations of CO
drastically affected Pt(111) growth[68].
These studies of Au and Al deposition on HOPG (0001) indicate that sufficient deposi-
tion control is available to explore the range of epitaxial growth on graphene structures.
1.4 Thesis Overview
This thesis will focus on methods to deposit reliable dielectric layers directly on epitax-
ial graphene structures for protection and gating. Despite over a decade of research on
graphene-based electronics, only recently has the community directed significant effort into
2D semiconductors and insulators, which are essential for electronic components. Even
fewer research groups are looking into direct deposition of 2D heterostructures. This work
aims to develop the 2D analog of atomic layer deposition to enable controlled growth of
vertical and horizontal heterostructures and open the door for novel devices based on in-
plane composition gradients, and, therefore, induced static electric fields. Hexagonal boron
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nitride, deposited directly onto epitaxial graphene structures, will serve as the test bed for
this new technology, labeled lateral atomic deposition (LAD), but the technology is ex-
pected to carry-over to other material systems. This thesis is divided into three primary
sections:
1. An overview of the state-of-the-art in epitaxial graphene on SiC production and char-
acterization.
2. An exploration of traditional chemical vapor deposition techniques for the production
of 2D heterostructures.
3. An introduction and proof-of-concept example for lateral atomic deposition technol-
ogy. Further avenues of development will also be discussed.
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CHAPTER 2
EPITAXIAL GRAPHENE PRODUCTION AND CHARACTERIZATION
2.1 Epitaxial Graphene Production
2.1.1 Silicon Carbide
Silicon carbide (SiC) is a refractory semiconductor. Selected properties of SiC are listed
in Table 2.1 and are compared to silicon. SiC is commercially available in high quality
single crystal wafers, up to 4” (120 mm). Larger, 150 mm wafers are available, but are
not suited to MOSFETs due to the lower crystal quality. SiC compares favorably to Si
for use as a high performance electronics substrate due to its lower dielectric constant
which reduces parasitic capacitance, higher thermal conductivity which aids in removing
heat from devices on the surface, and improved thermal and chemical stability.[69] SiC
processing is a mature technology due to its prevalent use as a substrate for optoelectronics,
most commonly, LEDs, and high power electronics.
Table 2.1: Properties of hexagonal 4H- and 6H-SiC compared to Si.
Property Si 4H-SiC 6H-SiC
Crystal Structure Diamond Hexagonal
Lattice Constants (Å) 5.431 3.073;10.053 3.081;15.12
Band Gap (eV) 1.12 3.23 3.05
Thermal Conductivity c-axis (W/(m K)) 130 420 490
Coefficient of Thermal Expansion (10−6) 2.6 4-5
Melting Point (◦C) 1414 3103
Dielectric Constant Static 11.7 9.7
Dielectric Constant High Frequency 11.7 6.5
SiC exists in many polytypes, the most common are β-SiC, with a cubic zinc blend
crystal structure, and the hexagonal 4H-SiC and 6H-SiC, shown in Figure 2.1. In the work
presented in this thesis, 4H- and 6H-SiC will be used due to the symmetry matching of
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the (0001) polar faces with the hexagonal graphene lattice. The stacking order of 4H-
SiC is ABCB..., while the stacking of 6H-SiC is ABCACB.... The bilayer step height is
approximately 2.5 Å.
Figure 2.1: The crystal structure of 6H-SiC exhibits ABCACB stacking and has two po-
lar faces, a silicon terminated face (0001) and carbon terminated face (0001̄). Epitaxial
graphene growth is unique to each face. On the Si-face, a buffer layer and only a few lay-
ers of graphene are possible. On the C-face, many layers of graphene can be produced.
Reprinted from [70].
SiC can be doped to produce N-type, P-type, or semi-insulation wafers. Nitrogen dop-
ing produces N-type, while aluminum doping leads to P-type SiC. Insulating wafers, often
doped with vanadium, were used in most of the experiments presented here.
2.1.2 Surface Graphitization
Due to the disparity in vapor pressures between silicon and carbon, silicon preferentially
sublimates from the surface of SiC at high temperatures. While the vapor pressure of carbon
is almost negligible, at typical growth temperatures (1400-1700 ◦C) the partial pressure due
to the sublimation of silicon is on order of 10−3 − 10−4 Torr.[71] Epitaxial graphene self-
assembles from the remaining carbon-rich surface. Three SiC bilayers must decompose to
liberate enough carbon for one layer of graphene.
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Originally, epitaxial graphene was grown under UHV conditions [72, 10, 1], but the
rapid silicon flux leads to inhomogeneous growth and, often, a reduction in graphene qual-
ity. Confinement controlled sublimation (CCS) was developed in response and brings the
growth into near equilibrium conditions resulting in improved uniformity, quality, and mor-
phology control [73]. In CCS, the SiC substrate is placed in an enclosed graphite capsule








Figure 2.2: The confinement controlled sublimation (CCS) method for epitaxial graphene
production brings growth into near equilibrium conditions.
The size of the leak hole and silicon content of the capsule walls are critical parameters
to determine the resulting graphene morphology and process reliability. As previously
discussed, if a net flux between surface species and the vapor is to occur, the system cannot
be at equilibrium. For a net desorption, as is necessary to produce epitaxial graphene, the
vapor must be under-saturated with respect to the surface. As the leak hole is opened, and
then widened, the rate of graphitization increases as the driving force for Si desorption
increases as the system moves further from equilibrium. For most CCS graphene growth
processes such as for nanoribbons and monolayers, small leak rates are used to provide
improved reliability and morphology control. Larger holes are required for multi-layer
graphene. In a closed crucible with no leak hole, the Si partial pressure will rapidly reach
equilibrium with the surface. As such, a closed crucible is pivotal for restructuring the
surface, but will not facilitate graphene growth as the silicon partial pressure will reach
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equilibrium. Another way to suppress graphitization is to hold the Si vapor on the surface
by stacking substrates.
The Si partial pressure must also be in equilibrium with the graphite crucible walls.
Therefore, pristine graphite crucibles lead to rapid graphitization and must be conditioned.
When considering crucibles for graphene growth, several dummy SiC chips are run until
processing conditions stabilize. If no graphitization is desired, a pure Si chip can be melted
in the crucible to saturate the walls. This process will effectively prevent graphene growth
for the lifetime of the crucible.
As growth crucibles age, the processing conditions will drift in response to the building
Si liner, reducing graphitization. It is important to maintain a stable operating temperature
and adjust the time if long-term stability is desired. If the temperature is increased to
compensate, the equilibrium silicon conditions will change and the recipes will need to be
recalibrate. This strategy enabled over 100 samples to be produced within tight tolerances
for graphene coverage and nanoribbon width with near 100% yield.
The underlying SiC lattice has significant influence on the resulting graphene structure
as the lattice spacing for graphene is 2.46 Å compared to 3.07 Å in hexagonal SiC. Growth
temperatures between 1400-1800 ◦C for times ranging from a few seconds to several hours
give rise to the various epitaxial graphene morphologies: buffer layer, graphene nanorib-
bons, monolayer graphene, and multilayer graphene. The various morphologies of epitaxial
graphene, as shown in Figure 2.3, contribute to its broad applications and scientific interest.
2.1.3 Silicon-face Graphene Growth





3R30◦ reconstruction of the carbon-rich SiC(0001) surface, as shown in the LEED pat-
tern in Figure 2.4. This layer is thought to exhibit a strong interaction with the substrate.
The buffer layer has been shown to possess a semiconductor band structure [74]. The
subsequent graphene layer, on top of the buffer layer, exhibits the iconic Dirac cone band
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(b) Overgrown graphene nanoribbons













(c) Monolayer Si-face graphene












(d) Monolayer graphene domains on C-face.
(e) Few layer C-face graphene
Figure 2.3: Surface morphology of epitaxial graphene system. Note that image scales and
scan type vary to showcase the characteristic features: 2.3a-2.3d are LFM scans where areas
of low friction (V ≈ 0) indicate graphene coverage, 2.3e shows the pleated topography.
The raised lines with three-fold symmetry are pleats due to biaxial stress induced during
cooling.
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structure. Silicon-face graphene of more than one layer (buffer layer + 2 graphene lay-
ers) results in AB stacking, breaking the out-of-plane symmetry and producing parabolic,
gapped bands. Another method to produce monolayer graphene on the Si-face is by inter-
calating the buffer layer with H2 [75]. This removes the strong interaction with the SiC
substrate and produces quasi-freestanding graphene.





reconstruction, outlined by hexagons, is indicative of the buffer layer.
The Si-face (0001) terraces graphitize comparatively slowly and self-limit under rea-
sonable conditions. It is difficult to growth more than a few layers, even under high tem-
perature and UHV conditions. As such, crucibles designed for Si-face graphene typically
have a small hole to improve precise control of graphene domain size, namely of graphene
nanoribbons and to target large area monolayer graphene growth, as seen in Figure 2.3c.
As any miscut of the SiC wafer leads to surface steps, higher order facets are always
present, especially after annealing due to step bunching. Due to the higher number of dan-
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gling bonds (higher surface energy), these facets graphitize much faster than the SiC(0001)
terraces and enable the controlled growth of self-assembled graphene nanoribbons, sepa-
rated by buffer layer terraces, as shown in Figures 2.3a and 2.3b. The width of the ribbons
can be controlled by the annealing time, temperature, and step height. Steps are most of-
ten produced by lithographically pre-structuring the SiC surface with arrays of trenches.
Since etch depth of SiC is readily controlled down to sub-nanometer levels, access to nar-
row ribbons is possible without resorting to expensive nanolithography methods such as
e-beam lithography, scanning probe lithography methods, or multiple exposure optical sys-
tems. Alternatively, SiC steps can be formed during step-flow by annealing which leaves
atomically smooth terrace surfaces.
Cross-sectional TEM has shown that nanoribbons drape over the SiC step with larger
spacing between the graphene layer and SiC surface than on the terraces [76], which con-
tributes to their charge neutrality. As such, these ribbons have been shown to exhibit trans-
port properties such as ballistic transport over exceptional lengths [15].
2.1.4 Carbon-face Graphene Growth
In contrast, on the C-face (SiC(0001̄)), graphene layers exhibit a slight in-plane rotation
and pleated morphology to produce quasi-freestanding graphene regardless of the thickness
[77]. Multilayer C-face graphene has been grown to thicknesses of over 100 layers with
single layer mobilities of 40,000’s cm−2/V·s and up to several 100,000 cm−2/V·s for the
neutral layers in the multilayer epitaxial graphene stack.
The C-face graphitizes rapidly, so nanostructures are difficult to produce. Whereas
Si-face graphene grows from step edges to produce ribbons, C-face graphene grows in
isolated patches. On the C-face, growth is much faster perpendicular to the step edge and
propagates along the step direction from a single nucleation site. Monolayer patches are
achievable by limiting Si flux and short growth times, as seen in Figure 2.3d. If multilayer
films are desired, as shown in Figure 2.3e, large leak holes and multi-cycle processing can
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be required to maintain useful growth rates. The growth rate decreases as each layer is
produced due to buildup of Si in the crucible wall. Therefore, reconditioning the crucible,
most often by an empty annealing, resets the state and enables further graphititzation.
A cyclic method, described in Table 2.2, was developed to produce graphene films in
excess of 100 layers with excellent quality, as shown in Figure 2.5. Each growth cycle
consisted of a crucible reconditioning and growth cycle. The bulk structure of the film
(46JG04) was probed with Raman spectroscopy and showed no change in FWHM or sym-
metry of the 2D peak or development of a large D-peak, which is indicative of defects, as
shown in Figure 2.5a. The single Lorentzian 2D peak confirms that multilayer graphene,
not graphite was produced. The surface structure was examined with LEED and, even af-
ter 5 growth cycles, graphene diffraction spots and the characteristic rotation are clearly
visible, as seen in Figure 2.5b.
Table 2.2: Cyclic growth recipe for thick C-face graphene. Each cycle produced about 20
layers of multi-layer graphene. A 1 mm leak hole was used and temperature ramping was
controlled by the PID (15/2/0).
Crucible Reconditioning
800 ◦C 600 s
1200 ◦C 1200 s
1400 ◦C 1200 s
1600 ◦C 2400 s
Growth Cycle
800 ◦C 600 s
1150 ◦C 1200 s
1600 ◦C 2400 s
2.1.5 SiC Surface Reconstruction
Pre-treatment of the SiC is an important step in determining the quality and morphol-
ogy of the graphene and falls largely into two categories: thermodynamically driven self-
assembled surface modifications[78] and nanofabrication processing, such as lithography
and etching. In the first case, SiC wafers cut on-axis typically have an actual miscut of a
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(a) The Raman spectra, taken after each growth cycle of 100 layer grahene film confirms the high
quality of the graphene film. The Lorentzian symmetry of the 2D peak confirms that multi-layer
graphene, not graphite was produced. Each cycle contributed about 20 layers of graphene, as
was determined by ellipsometry. Minimal change in the FWHM of the 2D peak (47 cm−1) is
observed. No significant D peak developed, confirming that the graphene retained its structural
integrity throughout the growth process.
(b) The surface retains a sharp LEED pattern throughout the growth process. The arc connecting
the graphene spots is indicative of C-face graphene due to the rotation between adjacent layers. As
the penetration depth of the low energy electrons is only a few atomic layers, the underlying SiC is
not visible. The patterns were obtained at different energies to maximize the clarity.
Figure 2.5: The development of the Raman spectrum and surface diffraction throughout
the cyclic growth of a 100 layer thick C-face graphene film.
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few hundredths of a degree leading to bilayer surface steps with terraces on the order of 100
nm, as shown in Figure 2.6a]. after chemical mechanical polishing (CMP). At high temper-
atures, the steps flow and coalesce into higher steps, up to tens nm, with large, atomically
flat terraces, up to 100s µm in width, as shown in Figure 2.6b.
In order to suppress graphitization during this heating, SiC chips can be annealed in a
face-to-face configuration [79]. This enables temperatures up to 2000 ◦C without signif-
icant silicon sublimation, while significantly improving step step flow. The face-to-face
method is particularly useful for producing graphene nanoribbons and can eliminate the
need for traditional nanofabrication techniques. However, when precise arrays of devices
or complex geometries are required, structures must be lithographically defined and etched.
Figure 2.6 and 2.3 show AFM images of the morphology of these distinct graphene
structures. Lateral force microscopy is particularly helpful to identify graphene regions
on partially graphitized surfaces. The interaction between the graphene surface and the
scanning probe tip are very low compared to the SiC and buffer layer surfaces which gives
rise to the contrast.
2.2 Amorphous Dielectrics for Graphene Electronics
Most electronic devices require dielectric films and elements to passivate the surface and
modulate the electronic transport. Whereas silicon readily forms a reliable, high quality in-
terface with amorphous metal oxide dielectrics, graphene is highly inert and does not sup-
port direct oxide formation. Over the past half century, deposition and coating techniques
have been widely explored to deposit metals and metal oxides on graphene, graphite, and
carbon nanotube surfaces to form graphite-alumina composites and electrically insulate the
carbon material, but all have resulted in poor interface reliability or have impaired electrical
performance [80, 66, 81, 82, 83].
Most graphene dielectric research has focused on amorphous Al2O3 due to its high di-
electric constant, good temperature and chemical stability, and readily available wet chem-
38
(a) CMP SiC surface













(b) SiC terraces after face-to-face annealing
Figure 2.6: The initial surface of the SiC plays a critical role in determining the graphene
morphology and stability of nanostructures. 2.6a) CMP SiC surface with a slight miscut
off (0001) produces terraces on the order of 100 nm in width with bilayer steps. 2.6b) After
face-to-face annealing, steps flow and coalesce into large steps of a few nm and terraces up
to 100 µm in width.
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istry and plasma-based processing techniques. (Although, it should be noted that aluminum
is a carbide former at high temperatures.) Despite these advantages, it is difficult to form a
uniform, thin layer of metal oxides on the graphene surface as the growth lies well within
the Volmer-Webber regime leading to island formation [54, 60]. As outlined in Figure 2.7,
these islands invariably form incomplete films and interface layers with pinholes, charge
puddles, and high, variable leakage currents, especially as film thicknesses are reduced to
the few nanometer thickness regime. Pinholes are especially detrimental in tunneling bar-
riers where high electric fields lead to electromigration of metal contacts which can cause
shorting.
Figure 2.7: Thin amorphous dielectric layers introduce many unintended challenges. On
the non-wetting graphene surface, these oxides tend to ball up, resulting in pinholes, charge
puddles, and high leakage currents. This morphology does not sufficiently protect graphene
from environmental contamination and enables electromigration of top metal electrodes.
Further, the non-uniform thickness and stoichiometry result in non-uniform electric fields,
even over short distances.
To counter island formation, various surface treatments, deposition techniques, and de-
position parameters have been explored to bring the growth into the Frank-van der Merwe
regime. All either result in island formation[84, 85, 86] or functionalize[84, 87, 88] the
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graphene surface leading to irrecoverable loss in electronic transport performance. Mag-
netron sputtering damages the first few layers of graphene due to the high energy surface
collisions [83, 89]. Evaporated films invariably form islands, unless deposited at cryogenic
temperatures (< 200 K), but often still form islands once brought to room temperature [54,
53, 60]. Atomic layer deposition (ALD), which has become the standard for semiconductor
dielectric deposition, often relies on a hydrophilic surface to nucleate. Surface functional-
ization with NO2 [90] or ozone [91] improved graphene coverage, but degrade graphene
performance and have since been largely abandoned. Other attempts have taken advantage
of polar traps within the graphene, induced by the underlying metallic layer, to improve
graphene wetting, although this technique is not compatible with epitaxial graphene on
SiC [85]. Evaporated seed layers (<1 nm) of Al have been widely applied, but still do not
yield high quality films on graphene surfaces due to island formation of the seed layer, as
shown in Figure 2.8 [16, 92]. Thin organic layers have also been applied as a seed layer for
ALD processes with encouraging results, but limit the thermal stability of the system [93].
Other dielectric materials, including HfO2[8, 94] and SiN[95] have also been used.
Both modify the graphene carrier density. The plasma SiN process also damaged the
graphene giving further justification to avoid plasma processes for depositions on graphene.
As graphene exhibits very low adhesion forces to adsorbates, changes in composition of
the dielectric are unlikely to drastically improve uniformity or performance. These results
make it clear that amorphous dielectric layers, regardless of chemical composition or de-
position method, are ill suited for graphene devices.
Decades of research has demonstrated that films grown on high quality HOPG surfaces,
similar to graphene, are only adhered by van der Waals interactions.[60, 61, 62, 63, 66]
For this reason, as well as the extensive history of challenges that have faced metal oxide
growth on graphene, it is clear that materials which exhibit more compatible bonding to
graphene, such as the 2D semiconductors, are necessary to facilitate further development
in graphene-based nanoelectronics.
41
(a) 20 nm of ALD Al2O3 on monolayer epitaxial graphene exhibiting non-
uniform coverage and grain boundaries.
(b) 20 nm of ALD Al2O3 on monolayer graphene nanoribbons does not
ensure coverage of the graphene surfaces.
Figure 2.8: Despite the implementation of evaporated seed layers, ALD of metal oxides,





The electronic transport of nanomaterials is strongly influenced by the local environment[8,
96], lattice orientation[97, 38, 98, 99, 96], and interface quality[96, 100]. In 2D mate-
rial systems, the impact of poorly designed layered structures is especially important due
to symmetry breaking and reliance on in-plane charge transport and momentum match-
ing.[97, 98] This is particularly true when considering stacked 3D and 2D materials due
to the out-of-plane symmetry of the 3D lattice. Fortunately, 2D conductors (graphene),
semiconductors (transition metal dichalcogenides), and insulators (boron nitride) have been
synthesized and promise to enable arbitrary stacking while reducing undesired impact on
charge transport due to the weak interlayer interaction. Due to this, 2D heterostructures
have attracted much attention.
Epitaxy between critical layers is essential if high performance graphene-based nano-
electronics are to be produced.[97, 101, 38, 98, 99] The tunneling current between MoS2
and WSe2 sheets with a 5
◦ rotational misalignment was modeled and showed an order of
magnitude drop compared to aligned lattices due to the misaligned K-points.[98] This is
one area where the epitaxial graphene system shows a significant advantage over CVD
graphene: the graphene-Si-face SiC interface is inherently pristine and epitaxial. SiC
wafers are also available in a wide range of conductivities, so the graphene film does not
need to be transfered to an insulating substrate.
Nonetheless, most graphene work has been focused on CVD methods due to the low
cost and large area production. However, these graphene films are often polycrystalline
and must be transfered onto insulating substrates leading to reduced device performance
43
due to randomly oriented graphene domains, rotationally misaligned layers, and impurities
at the interface. Figure 3.1 shows the improved graphene performance of hBN supported
graphene compared to SiO2 and the further improvement by ensuring a clean interface by
growing graphene directly on hBN.[100] Epitaxial graphene does not need to be trans-
fered and can be patterned without inducing interfacial defects or impurities. However,
this benefit disallows the ability to back-gate the graphene to modulate electronic transport.
Therefore, a directly deposited top gate is required for epitaxial graphene devices.
Figure 3.1: The transport properties of graphene sheets transfered onto SiO2 and hBN were
compared to directly grown graphene/hBN heterostructures showing higher performance
for directly grown heterostructures. Reduced charged impurities and roughness at the SiO2
surface showcase the benefit of 2D heterostructures. A further further improvement was ob-
served by eliminating the transfer step which introduces residue and impurities. Reprinted
from [100].
Further, as previously discussed, electronic transport in graphene is sensitive to environ-
mental contamination, necessitating a protection layer. Reliable environmental protection
demands a pinhole-free, non-reactive film. A highly insulating material is also desired to
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minimize parasitic losses. It is important that a protection layer is chosen which minimally
effects the underlying graphene devices. The semiconductor industry has largely relied on
ALD metal oxides for this purpose, but as discussed in Chapter 2, smooth, pinhole free
metal oxides films have not been demonstrated on graphene without functionalizing the
graphene surface. ALD Al2O3 does not completely cover the graphene surface until thick-
nesses exceed 10 nm leading to charge puddles.[85] It is again clear that 2D, crystalline
materials are ideally suited to provide reliable environmental protection.
Charged surface states [102, 103, 104, 105], surface roughness [106, 107, 108, 105],
and impurities [109, 103, 104, 24, 105] severely limit graphene device performance. As
these features are prevalent in metal oxides, significant research has been conducted to
identify crystalline material systems which are stable in 2D form yet exhibit dielectric or
semiconducting character. Layered structures exhibit far less interaction with the transport
in the neighboring layer and are thus ideally suited for gating and protection of graphene
devices. Boron nitride, transition metal dichalcogenides (MoS2, MoSe2, WS2, etc), silicon
and germanium analogs of graphene, silicene [110] and germanene [111], and 2D GaN
[112] have since been experimentally synthesized, providing an extensive library of 2D
materials to be integrated in graphene devices and includes both insulators and semicon-
ductors.
Recently, several groups have experimentally demonstrated direct van der Waals growth
of these 2D materials on epitaxial graphene. Small crystals of MoS2 [113, 114, 115]
have shown varying degrees of epitaxy, but display non-uniform growth and a quick tran-
sition to vertical growth of incomplete layers. Similarly, WS2 crystals were grown on
epitaxial graphene surfaces, but stress buildup would often cause formation of pyramids
and nanorods [116]. WSe2 also yields non-uniform coverage and inhomogeneous thick-
ness[117, 118]. Lin, et al, demonstrated local growth of MoS2, WS2, and hBN on epitaxial
graphene surfaces, but without long range order or uniformity [119, 120]. However, despite
the challenges showcased in these efforts, epitaxial van der Waals solids have been demon-
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strated on epitaxial graphene via growth of single crystal GaN [121]. The growth was
conducted in two steps: a nucleation step at low temperature, and a lateral growth phase
at higher temperature. In order to achieve uniform 2D layers, nucleation and growth steps
must be engineered to encourage lateral growth, while controlling film stress. Selected
results are showcased in Figure 3.2.
Figure 3.2: Direct growth of van der Waals solids is becoming a popular research field, but,
to date, long range order has not been achieved. Reprinted from [115, 113, 115, 118, 116].
3.2 Boron Nitride for Graphene Nanoelectronics
Of all the 2D materials, boron nitride is perhaps the most important for graphene-based
devices due to its wide bandgap and chemical and thermal stability. This makes it useful as
a gate, tunneling barrier, and environmental protection layer. Further, its structure is nearly
identical to graphene. Due to this, much work has been done to synthesize and integrate
BN into graphene devices.
Boron nitride is an isomorph of graphene and enables graphene devices with improved
mobility compared to metal oxide layers. It exists in two layered polymorphs, rhombohe-
dral (rBN) and hexagonal boron nitride (hBN) which are differentiated by their stacking
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order, as shown in Figure 3.3. The stacking of rBN is ABC, while hBN is AA’. Both rBN
and hBN are sp2 hybridized with interlayer van der Waals forces of approximately 52 meV,
compared to 3.25 eV for the B-N sp2 bond within the layer. Similar to graphene, BN,
ideally, exhibits no dangling bonds and surface charge traps. Optical surface modes have
higher energies than metal oxides which should lead to improved high temperature device
performance, as demonstrated in Figure 3.1d.[100]
The honeycomb BN lattice is lattice matched to graphene, exhibiting only a 1.7% mis-
match (ahBN=2.50 Å vs. agraphene=2.46 Å) leading to many of the benefits of BN dielectric
layers and substrates over amorphous oxides. It has been shown that for 2D heterostruc-
tures, tunneling current sharply decreases with increasing lattice mismatch, making BN
an ideal candidate for graphene-based devices.[98] Compared to transition metal dichalco-
genides, BN also exhibits smaller corrugations, removing another source of scattering.
Figure 3.3: Boron nitride exists in two sp2 hybridized layered structures, hexagonal and
rhombohedral which are differentiated by the stacking order. hBN is AA’, while r-BN is
ABC. Reprinted from [122]
Both polymorphs of BN are wide band gap semiconductors with a band gap of approx-
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imately 6 eV and very similar band structures. The debate continues as to whether either
form is a direct or indirect semiconductor. Theoretical treatments often yield indirect band
gaps of 5.5-6 eV [123, 124] despite experimental evidence for a direct band gap [125, 126].
Experimental evidence also exists for an indirect band gap via a phonon assisted excitation
[127]. Regardless, while important for optical applications, for use in electronic devices as
a protection layer, gate, or tunneling barrier, either rBN or hBN would be suitable and a
significant improvement over metal oxide layers. Further, many applications desire only a
single layer, for which there is no distinction between rBN and hBN. The dielectric constant
perpendicular to the layers of BN is on order of 4-5 in either structure.
The electronic transport of hBN supported and gated graphene devices is improved
with respect to metal oxide dielectrics. Bulk hBN supported graphene devices exhibit
improved transport over SiO2 supported graphene due to reduced surface roughness.[128,
101] Exfoliated graphene transfered to hBN flakes show a 300% increase in mobility with
no change in sheet resistance compared to SiO2 substrates, implying a 3x reduction in
charged scattering centers [129].
Transfered hBN films as top gates also enhance graphene performance compared to
metal oxides. Graphene transistors with a hBN gate exhibited hole doping due to charged
impurities, attributed to the transfer process, although the carrier concentration of 6× 1012
cm−2 was still 4× lower than that induced from HfO2 [8]. Lee, et al, fabricated a graphene
field effect transistor (FET) supported on hBN which exhibited mobilities 3× greater than
SiO2-based devices [130]. In another example, hBN layers were used as a top gate on a
graphene FET which showed no reduction in mobility compared to the virgin graphene and
a dielectric constant of 2-4 [96].
3.2.1 CVD hBN Growth Methods
Typical methods of growing BN films include ammonia borane, borazine, and triethylb-
orane and ammonia in CVD[131, 132, 133, 134, 135, 136] and ALD[137, 138] systems,
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pulsed laser deposition (PLD) from sintered targets [139], and molecular beam epitaxy
(MBE) [140, 141]. Due to graphene damage from high energy PLD systems and limited
accessibility to MBE systems, the following discussion will focus on advances in CVD BN
film growth and integration into graphene devices.
The most common CVD hBN production method is to decompose ammonia borane and
flow the byproducts over a hot substrate. Ammonia borane (H3N−BH3) is an attractive pre-
cursor as it fixes the stoichiometry of the BN and does not contain any carbon which must
be removed during deposition. The powder is stable at room temperature and decomposes
around 65 ◦C. The gaseous by-products polymerize, releasing stored hydrogen and forming
B-N chains, rings, and hBN films on proper substrates, as described in Figure 3.4 [142].
The ammonia borane sublimation temperature for hBN growth is often between 100-130
◦C to promote hydroborazine formation.[142, 130] Typically, monolayer to few-layer hBN
films are grown on catalytic metal surfaces around 1000 ◦C due to catalytic screening [143].
Figure 3.4: hBN growth from ammonia borane requires several intermediate steps and
vapor phase reactions which complicates growth of high quality hBN films. Reprinted
from [142].
Such hBN films are almost exclusively grown on catalytic metal foils, such as copper
or nickel, in the presence of H2. Bresnehan, et al, demonstrated transistors with a 10-50 nm
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CVD grown and transfered hBN gate on a 75 mm quasi-freestanding epitaxial graphene
wafer which exhibit cutoff thresholds 2.4x higher than HfO2 coated devices. The hBN
was grown on hot Cu foil with ammonia borane as the precursor in a low pressure tube
furnace.[8]. Lee, et al, showed that the preparation of the Cu foil had a significant impact on
the distribution of BN allotropes, namely cubic BN, and size of hBN grains demonstrating
the importance of the catalytic nature of Cu facets in hBN growth.[130] In all of these cases,
the hBN is polycrystalline and exhibits no particular orientation to the graphene lattice, as
exemplified in the cross sectional TEM images in Figure 3.5.[96] Therefore, metal foils are
not suitable substrates for synthesizing materials for high performance electronics.
An alternative single source precursor for hBN is borazine, which is a cyclic benzene-
like ring of B-N. Borazine derived hBN layers have attracted much attention due to their
high crystalline quality. The films are often grown on metal (111) surfaces in low pressure
or ultra high vacuum (UHV) systems. Park et al, synthesized hBN films of varying thick-
nesses on different facets of Pt, showing that Pt(111) resulted in multilayer films, while low
pressure growth on (100) resulted in monolayer films demonstrating the importance of the
surface catalysis in decomposing the borazine precursor [144]. Hemmi, et al, demonstrated
single crystal monolayer BN films on epitaxially grown Rh(111) in an UHV CVD system
[145]. Borazine derived films have shown Raman excitations at theE2G mode with FWHM
of 11-15 cm−1 [146], comparable to the best bulk BN crystals[125, 147]. Despite the ben-
efits, borazine was not chosen for this study due to handling complexity, as the liquid must
be kept chilled to avoid decomposition.
Metalorganic chemical vapor deposition of hBN via triethylboron and ammonia and
molecular beam epitaxy will be discussed in Chapter 4.
3.2.2 Direct Growth of Graphene-hBN Heterostructures
It is clear that direct deposition of graphene/hBN heterostructures is essential to avoid
trapped charged impurities from the transfer process and enable precise registry between
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Figure 3.5: When metal foils are used as substrates for 2D material synthesis, randomly
oriented grains are formed due to the rough polycrystalline foil. This morphology is incom-
patible with high performance electronics and, thus, metal foils are not suitable substrates
for synthesizing electronics grade materials. Reprinted from [96].
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the graphene and hBN lattice. Ideally, heterostructures would be coated in situ, prior to
exposure to atmosphere via a high purity vapor phase deposition technique.
Much work has focused on growing graphene layers on boron nitride substrates and lay-
ers. Bjelkevig, et al, demonstrated CVD graphene deposition on ALD hBN on Ru(0001).
It was found that the graphene was extrinsically doped by the underlying BN layer, al-
though the fluorescence in the Raman spectra indicates high defect concentration in the BN
layer [133]. Later work demonstrated direct CVD growth of graphene monolayers on CVD
hBN on Cu foil.[148] Wang, et al, compared the effect of direct CVD graphene growth to
transfered graphene. Direct CVD graphene was found to exhibit mobilities 2− 3× higher
than transfered graphene and reduce carrier densities by an order of magnitude compared
to graphene that was transfered to hBN. The difference between the CVD and transfered
graphene on hBN indicates lower doping and fewer charged impurities resulting from the
transfer process.[100]
Despite many examples of CVD graphene grown directly on hBN, very little work has
been published demonstrating direct growth of hBN on graphene (or HOPG) surfaces. To
date, three approaches have been used: polymer derived ceramics, CVD, and MBE (see
Chapter 4).
Polymer derived ceramics utilize a spun-on polyborazylene solution which is then an-
nealed at high temperatures. These thick films often contain high oxygen content, yet retain
crystalline character on epitaxial graphene substrates, as shown in Figure 3.6, indicating the
forgiveness of van der Waals solids to defects and induced strain [149]. As evident by the
epitaxial growth of transition metal dichalcogenides on graphene, van der Waals solids can
accommodate lattice mismatches in excess of 25%, compared to just a few percent for tra-
ditional materials. Further, due to the spin coat process, polymer derived ceramics are not
suited for graphene passivation due to retained organic elements.
CVD hBN growth has also been attempted on graphene and HOPG surfaces. Selected
Results are summarized in Figure 3.6. Liu, et al, demonstrated hBN growth via am-
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monia borane decomposition on CVD graphene layers; however, TEM analysis revealed
nanocrystalline hBN surrounded by an amorphous BN matrix [150]. An amorphous layer
was also formed between HOPG and hBN. [151] Lin, et al, demonstrated hBN films from
ammonia borane on epitaxial graphene, but TEM analysis revealed no long range order or
indicate of epitaxy.[120] Single layer graphene/hBN sheets showed that hBN growth could
be initiated at graphene edges.[152]
Borazine has also been used to deposit BN nanoplatelets on 900 ◦C substrates with
thicknesses up to 30 nm on graphene flakes [153]. All of these examples showcase the
challenge of creating uniform crystalline BN layers directly on graphene surfaces. Other
work attempted to use borazine to grow hBN on epitaxial graphene.[154] As the growth
temperature was increased to 1350 ◦C, 3D growth and hydrogen etching was observed.
At 1100 ◦C, 2 µm grains were reported, but AFM showed a depression indicating possible
etching. The same group found that hBN would substitute for CVD graphene on copper
foils creating in-plane heterostructures, likely due to the high temperature hydrogen envi-
ronment etching the graphene.[155]
The goal of the following research is to realize direct integration of 2D boron nitride
onto epitaxial graphene nanoelectronics. In this thesis, two methods are explored: CVD
with ammonia borane as the BN precursor in a high vacuum CVD system and a novel
lateral atomic deposition (LAD) approach with triethyleboron (TEB) and ammonia as the
boron and nitrogen sources, respectively.
3.3 CVD Approach for BN-Graphene Heterostructures
Since graphene has no catalytic potential, higher substrate temperatures are expected to fa-
cilitate hBN formation on graphene substrates from the byproducts of the ammonia borane
decomposition compared to catalytic metal foil substrates. Jang, et al, recently demon-
strated hBN growth on sapphire, a non-catalytic substrate, with ammonia borane at tem-
peratures of 1400 ◦C, which suppressed the pleated morphology found in strained samples
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Figure 3.6: Selected results of direct growth of hBN on graphene and HOPG surfaces
showcasing the challenges across CVD, MBE, and polymer derived ceramics techniques.
Reprinted from [151, 120, 154, 155, 149, 156].
grown at lower temperatures [157]. Thus, I designed and built a CVD reactor to accom-
modate deposition temperatures up to 1750 ◦C. See Appendix A for a detailed system
description.
CVD Reactor Design
A custom linear tube CVD reactor, as described in Figure A.2, was assembled to study
the ammonia borane decomposition and polymerization on epitaxial graphene samples. To
facilitate high quality films with low oxygen content, the system was designed to reach
a base pressure of 10−7 mbar. The ammonia borane precursor was heated to 60-120 ◦C
and the gaseous by-products were carried with 5% H2/Ar to the deposition zone which
was heated via an induction coil and graphite susceptor to 300-1750 ◦C. A throttle valve
enabled deposition pressures from 10−6 mbar up to atmospheric pressure. The substrates
were vacuum annealed at 800 ◦C prior to BN growth to ensure clean surfaces which are
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essential to enable epitaxial BN growth.
Ammonia Borane Results
A large processing parameter space was studied yielding evidence of 2D hBN growth on
buffer layer and graphene after high temperature annealing. Deposition pressure, substrate
temperature, precursor temperature, and post-deposition annealing conditions were varied.
Prior reports of hBN on graphene were conducted using atmospheric pressure CVD
(APCVD) both within the de Heer group by Yike Hu and elsewhere [152], but the results
showed large granules, incomplete 2D morphology, or regions of rapid 3D growth. This
has two probable causes: vapor phase polymerization of the precursor and rapid growth
rates resulting in non-uniform 3D clusters. In response, a low pressure CVD (LPCVD)
process was implemented to increase the carrier gas velocity; the precursor decomposition
temperature was lowered to 80 ◦C to reduce mass flow, and the substrate temperature was
increased to 1400 ◦C to encourage lateral growth due to the high mobility on graphene and
hBN surfaces in order to limit island nucleation, as described in Chapter 1. The film was
then vacuum annealed to crystallize the thin, granular regions, which resulted in unified
BN domains as seen in Figures 3.7 and 3.8, for buffer layer and graphene, respectively.
XPS analysis, shown in Figure 3.9, is typical of stoichiometric hBN with minimal oxygen
and carbon content. As the hBN films were sub-monolayer, removal of adventitious carbon
and oxygen was not possible. Nonetheless, the total detected concentration was only a few
atomic percent for each. This result also persists in granular films suggesting vapor phase
parasitic reactions or strain induced crumpling upon cooling.
In conclusion, while the evidence suggests that CVD hBN deposition on the epitaxial
graphene system should be possible, control of the deposition requires higher levels of pre-
cision than are attainable with the present CVD tool. Nonetheless, several key observations
are valuable:
1. Low precursor flux rates enable 2D morphology, whereas high rates yield a granular
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Figure 3.7: Annealed hBN, light regions, on buffer layer, dark regions, exhibiting epitaxial
triangular grain growth.
(a) Deposition: 80 ◦C, 3 min, 1400 ◦C,
2× 10−2 mBar Annealing 1: 1400 ◦C, 10−6
mBar (b) Annealing 2: 1700 ◦C, 1 hr, 10−6 mBar
Figure 3.8: Direct BN deposition on multilayer C-face graphene was conducted at low
temperature leading to regions of granular BN. After annealing at 1700 ◦C, the granular
regions crystallized into planar BN grains. The bright lines are pleats present in C-face
epitaxial graphene.
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(a) Boron XPS signal centered at 190.4 eV
corresponding to sp2 bonding, typically ob-
served at 191 eV.













(b) Nitrogen XPS signal centered 398.0 eV
corresponding to sp2 bonding, typically ob-
served at 398 eV.
Figure 3.9: XPS taken from annealed hBN film grown via LPCVD with ammonia borane
is consistent with hBN.
structure. Stable island nuclei are more likely form at high deposition rates which
leads to multilayer films. Also, sufficient diffusion time must be accommodated
to align impinging grains. Epitaxial metallic platelets have been grown on HOPG
surfaces using low precursor fluxes, whereas amorphous materials are grown at under
high flux conditions to out-compete surface diffusion.
2. High temperatures during deposition and annealing contribute to higher quality BN
films by encouraging lateral growth. High temperatures increase the potential bar-
rier for island nucleation, enable high surface diffusion rates, and allow adatoms to
overcome surface potential wells.
3. Vapor phase parasitic reactions must be eliminated to ensure 2D growth. Cold walled
reactors will limit precursor decomposition and polymerization prior to the growth





This chapter presents a novel deposition technique, specific to 2D heterostructures: lateral
atomic deposition (LAD). Direct growth of hBN/epitaxial graphene heterostructures will
serve as proof of concept. LAD is the 2D analog to atomic layer deposition (ALD) where
instead of a 2D layer of atoms being deposited with each cycle, a 1D row of atoms is added
to the boundary of a grain. A generalized process is shown in Figure 4.1. There are many
reports of 2D material synthesis with ALD, but it is important to note that these examples
all rely on the coalescence of nanocrystalline material, producing a monolayer within a
few cycles.[158, 159, 160, 161] They do not demonstrate controlled lateral growth. This
often leads to polycrystalline films which are ill-suited to high performance nanoelectronics
and is limiting for integrated structures. In contrast, LAD will be shown to produce large
grains (100’s nm) which are oriented with respect to the substrate leading to single crystal
films over large areas. Also, the cyclic nature of the process, in principle, could enable
direct growth of in-plane ribbon structures and composition gradients. This stark contrast
in growth regime which is afforded by refractory 2D material systems offers new opportu-
nities for high performance nanoelectronics, highly scalable manufacturing processes, and
self-assembled nanostructures.
4.1 ALD vs LAD
Atomic layer deposition has been a staple in semiconductor manufacturing for the past
several nodes. It provides precise control over layer thickness in 3D materials and has been
adapted to a wide range of materials. Most notably, it is ideally suited to deposit large area,
ultra thin dielectric layers, such as HfO2. ALD relies on self-limiting precursors to ensure
uniform coatings with high thickness precision. In an ideal process, as shown in Figure
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Figure 4.1: The lateral atomic deposition (LAD) process is the 2D analog to ALD. Instead
of depositing a monolayer per half-cycle, a single row of atoms is woven onto the step edge.
After the first precursor is injected (1), the molecules decompose on the surface (2), and
then diffuse across the surface (3) until they find a suitable site on the edge of the growing
film (4). The by-products of the decomposition are pumped away (5) and the precursor
for the second half-cycle is introduced (6). The cycle is repeated until the film covers the
desired surfaces.
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4.2, the precursor completely saturates a heated surface, while excess precursor is pumped
away. Often, as is the case for oxides, the second half cycle presents a different precursor,
and the process is repeated, building up a pin-hole free film one atomic layer at a time.
Figure 4.2: An ideal atomic layer deposition cycle begins by saturating the surface with the
first precursor. The excess precursor is then purged prior to initiating the second half-cycle.
In an ideal process, one atomic layer is deposited with each half-cycle. Reprinted from
Pearson Group.
However, there are several caveats which must be considered to achieve the ideal growth
properties of ALD, namely substrate temperature, surface adhesion, and precursor stability.
Combined, moderate temperatures are often ideal for high quality amorphous dielectric
films as there is sufficient thermal energy to crack the precursor, but not decompose ligand
tails, and to enable some surface diffusion. Temperatures of a few hundred degrees are
ideal for metalorganic precursors to avoid significant carbon content in the film.
When considering crystalline films, higher temperatures are required to increase surface
diffusion so adatoms can find thermodynamically preferred sites. However, this is often
accompanied by undesired precursor decomposition. Carbon content tends to rise, which
severely degrades the dielectric film properties.
The epitaxial graphene system lifts many of these constraints, rendering it an ideal
test bed to develop a true 2D material deposition method for both in-plane and out-of-
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plane heterostructures. The SiC substrates and graphene are refractory materials, enabling
deposition and annealing temperatures in excess of 1500 ◦C. Further, 2D materials, such as
graphene, reducing the adatom hopping barrier, enabling much higher surface mobilities,
especially on the pristine epitaxial graphene surface.
4.2 Lateral Atomic Deposition of Boron Nitride on Epitaxial Graphene
Lateral atomic deposition, like molecular beam epitaxy (MBE) and metalorganic vapor
phase epitaxy (MOVPE), uses separate precursor sources for both boron and nitrogen and
does not rely on a catalytic substrate.
Molecular beam epitaxy has also been explored on HOPG substrates and offers the po-
tential for improved purity with pure boron and nitrogen sources.[156] However, growth
rates were exceptionally low (0.09-1.15 ML/3 h), the hBN was polycrystalline and ex-
hibited no preferential orientation with respect to the HOPG lattice. Further, the plasma
nitrogen source is likely to damage graphene devices. As the growth temperature was in-
creased, the growth rate was found to decrease as would be expected if the adatoms were
approaching Levy flight conditions, as discussed in Chapter 1. At low substrate tempera-
ture (1390 ◦C), multilayer hBN islands were formed; whereas, at high temperature (1690
◦C), single layer domains were grown only from the HOPG steps, as shown in Figure 3.6.
MOVPE has been shown to produce high quality 2D boron nitride films on Si [162]
and sapphire[163, 126, 164] substrates. Based on the findings of the ammonia borane
experiments, an exploratory study was conducted at Georgia Tech Lorraine, in Abdallah
Ougazzaden’s lab, to determine if cyclic MOVPE hBN was a viable path for an epitaxial
graphene dielectric using triethylborane (TEB) and ammonia as the B and N sources, re-
spectively. A commercially available Aixtron 3x2 close coupled showerhead (CCS) reactor
was used. The depositions were carried out in an 85 mBar H2 atmosphere with a NH3:TEB
ratio of 1000. TEB was dosed at 1 µmol/min for 1 s. The system was purged for 3 s
between pulses. The total flow through the chamber was maintained at 20 SLPM. Prior to
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film growth, the samples were exposed to TEB to saturate the surface with boron. Selective
growth of 2D hBN on graphene was observed.
As said above, wetting the surface is challenging due to the lack of dangling bonds on
the high quality, epitaxial graphene surfaces. Initial tests, aiming for 3 nm of BN, revealed
BN deposition, but with a granular, 3D morphology that was primarily isolated to step
edges, defects, and the buffer layer and SiC surfaces. It is unknown whether this occurred
during cooling due to the compressive strain caused by the graphene-hBN coefficient of
thermal expansion (CTE) mismatch, or during the growth process. Several deposition pro-
files and wetting agents were explored to improve the graphene wetting: extended TEB
preflow at deposition temperature, low temperature TEB preflow at 700 ◦C and 850 ◦C,
aluminum preflow due to its strong adhesion to graphene at high temperatures, and surface
nitridization.
The growth rate was found to be significantly lower on graphene samples than on sap-
phire substrates, likely due to adatoms approaching Levy flight conditions or higher re-
evaporation rates on the graphene surface. While the growth was expected to yield approx-
imately 3 nm thick films, sub-monolayer films were produced, as shown in Figure 4.3a. In
response, several seeding options were explored. Low temperature TEB preflow yielded
smoother films on graphene, but larger granules on buffer layer, as shown in Figure 4.4a
and 4.3b. High temperature aluminum exposure via trimethylaluminum (TMA) resulted in
smoother films on graphene, but showed nonuniform contrast under SEM analysis, possi-
bly due to carbide formation, as shown in Figure 4.4b. Ammonia pre-exposure (in all other
runs, TEB was introduced first), created a rough texture on the graphene regions indicating
possible hydrogen etching, as shown in Figure 4.5a. Since none of the seeding options
offered significant improvement in growth rate, BN films with significantly higher number
of cycles, were grown. The results are presented in the subsequent sections.
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(a) Boron preflow at 1270 ◦C resulted in submonolayer coverage.
(b) Low temperature boron preflow at 600 ◦C resulted in submonolayer
coverage.
Figure 4.3: 1 of 3. Surface morphology following hBN film seeding study. Results compare
to 3 nm uniform films on sapphire.
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(a) Low temperature boron preflow at 850 ◦C resulted in submonolayer
coverage.
(b) An aluminum adhesion layer was applied resulting damaged graphene
surfaces, likely due to carbide formation
Figure 4.4: 2 of 3. Surface morphology following hBN film seeding study. Results compare
to 3 nm uniform films on sapphire.
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(a) Surface nitridization with ammonia at deposition temperature resulted
in a rough surface, possibly due to hydrogen etching.
Figure 4.5: 3 of 3. Surface morphology following hBN film seeding study. Results compare
to 3 nm uniform films on sapphire.
4.2.1 Role of Hydrogen in hBN Growth
The pure hydrogen carrier led to partial hydrogen intercalation of the buffer layer on Si-face
samples and may undesirably etch graphene nanostructures. The intercalation was evident
in cross sectional TEM, LEED, and Raman spectroscopy, shown in Figures 4.19, 4.23, and
4.24, respectively. As such, an inert carrier, such as helium is desirable. Early MOVPE
studies of III-V materials showed that a helium ambient produced higher quality nitride
films than hydrogen, but, largely due to cost, hydrogen was chosen for most subsequent
studies.[165] Further, other epitaxial hBN techniques work under UHV conditions, without
any carrier.[145] In response, helium was substituted for the hydrogen carrier gas.
Unlike hydrogen, helium is not expected to passivate the Si-terminated SiC surface.
While He may intercalate, it is expected that moderate annealing temperatures will return
the graphene to its initial state.
The high vacuum, high temperature pulsed precursor reactor, described in Appendix
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B, was used to compare helium and hydrogen as carriers in high purity environments at
temperatures up to 1750 ◦C. The base pressure was 10−7 Torr and deposition pressures
ranged from 10−2 − 500 Torr by modulating the flow of the carrier gas. Precursor dosage,
carrier flow, and substrate deposition temperature were varied to optimize the chemical
composition of the hBN film. High vacuum conditions were also explored.
The high temperature substrate was found to strongly decompose the ethane ligands on
the TEB molecule. Despite temperatures insufficient to graphitize SiC, highly carbon-rich
films were produced under helium and vacuum. In contrast, even low pressure hydrogen
atmosphere strongly reduced the carbon content. Similar to the effects of hydrogen in CVD
graphene growth, it is suspected that hydrogen preferentially etches carbon within the hBN
film. Therefore, hydrogen is an active species in the hBN process and is necessary if carbon
containing precursors are used at high temperatures.
This is in contrast to early results with GaN where hydrogen degraded the film qual-
ity.[165] It should be noted that GaN is grown at lower temperatures (700-800 ◦C), so the
metalorganic precursor will undergo significantly less decomposition. Therefore, hydrogen
etching of carbon content is unlikely to be required in these cases.
4.2.2 Characterization of Graphene and Boron Nitride
Characterizing epitaxial graphene systems requires a number of techniques to create a com-
prehensive picture of the structure and interactions between the layers. This section will
present a brief description of various common techniques and key observations relevant to
this study.
The morphology of the BN films was visually examined via scanning electron mi-
croscopy (SEM) and atomic force microscopy (AFM). The chemical composition was
probed with x-ray photoelectron spectroscopy (XPS) and Raman spectroscopy. High reso-
lution x-ray diffraction revealed a layered crystal structure. Cross sectional high resolution
transmission electron microscopy (HRTEM) with energy dispersive x-ray spectroscopy was
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performed to confirm the crystal structure, interface quality, and layer composition.
Surface Morphology: Scanning Electron Microscopy
Scanning electron microscopy is one of the most convenient ways to view the morphology
of 2D materials quickly and over large areas. In comparison to scanning probe microscopy
techniques sample morphology can be probed in just a few minutes. However, especially
when considering nanostructures and semiconducting or insulating substrates, proper imag-
ing conditions become critical. In general, a low electron landing energy, low beam current,
and close working distance are mandatory to achieve high resolution images of graphene
nanostructures on SiC. The low landing voltage corresponds to a small cross section and,
thus, higher surface sensitivity. Ideal landing energy varies between 100 and 1000 eV, de-
pending on the substrate and topography. On the Hitachi SU8230 SEM , the beam can be
decelerated down to 10 eV; however, this operating mode demands a flat surface to maintain
a non-distorted electric field. A low beam current, 5 µA, is important to reduce charging on
semiconducting and insulating substrates and to minimize damage to the graphene nanos-
tructures. Front side copper tape and good electrical conductivity between the substrate and
stage can also aid in reducing charging effects. The best spatial resolution is often achieved
with an in-lens secondary electron detector. For larger graphene structures, back scattered
electrons, which are more sensitive to Z number, can improve contrast. Working distance
must be minimized to reduce aberrations, errant magnetic fields, and probe size. Despite
all of these efforts to minimize charging effects, integration times must still be limited to a
few seconds to achieve the best image. These conditions are outlined in Table 4.1
Continuous BN films with a pleated surface morphology preferentially grew on graphi-
tized regions as shown in Figure 4.7 and 4.28. A pleated morphology is indicative of
van der Waals solids grown on positive CTE substrates. Similar to multilayer epitaxial
graphene, BN has a negative in-plane CTE, due to out-of-plane phonon vibrations, which
induces a large compressive strain upon cooling from high deposition temperatures. The
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Table 4.1: SEM imaging parameters for 2D materials on semiconductors for a Hitachi
SU8230
Parameter Units Target Value
Accelerating Voltage kV 0.5-1
Probe Current µA 5
Deceleration V 100-500
Working Distance mm 1-2
Detector In-lens SE
weak interlayer forces allow the sheets to slide with respect to each other to accommodate
this strain without cracking, forming pleats. The pleats often emerge from defects where
the BN is pinned and radiate with tri-fold symmetry, indicative of biaxial in-plane strain
[166]. The height of the pleats is 5-15 nm as determined by AFM, as shown in Figure 4.10.
In order to grow uniform vdW solids, film growth must occur under conditions which
enable sufficient adatom mobility to encourage lateral growth of each layer. In typical
MOVPE processes, the simultaneous introduction of precursors causes parasitic vapor
phase reactions leading to small clusters that nucleate islands on the surface. The high
temperature and carrier flow used here, in addition to eliminating vapor phase reactions
by separating the precursors, contribute to low growth rate conditions which favor selec-
tive lateral growth on sp2 hybridized surfaces, such as EG and well oriented hBN. The sp2
hybridization on the graphene and hBN surface ensures high adatom mobility at the high
growth temperatures enabling the high quality vdW heterostructure growth. The buffer
layer and SiC surfaces exhibit a higher concentration of granular BN, which could be due
to strain between the lattices which is not accommodated as favorably as on the graphene
surfaces.
There was no discernible difference between BN grown on monolayer Si-face and mul-
tilayer C-face graphitized regions confirming that SiC catalysis was not a dominant effect.
Both exhibited a pleated morphology, and a scratch test confirmed that BN layers must
be deposited as the graphene thickness would not be affected by the modest pressure (85
mbar) and temperature (1260 ◦C) deposition process.
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(a) BN on sapphire control sample
(b) Granular BN on CMP SiC surface
Figure 4.6: 1 of 4. Surface morphology of 15 nm thick LAD deposited BN on epitaxial
graphene surfaces exhibiting selective area growth of 2D BN films with pleated morphol-
ogy on graphene surfaces.
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(a) Granular and tightly pleated regions of BN on adjacent SiC terraces
after face-to-face annealing. The tight pleats indicate 2D layers with a
high density of pinning sites due to a strong interaction with the substrate.
(b) BN on wide graphene nanoribbons showing large pleats over the rib-
bon, but high density granular morphology and a tight pleated structure on
the buffer layer regions
Figure 4.7: 2 of 4. Surface morphology of 15 nm thick MOVPE deposited BN on epitaxial
graphene surfaces exhibiting selective area growth of 2D BN films with pleated morphol-
ogy on graphene surfaces.
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(a) BN on narrow graphene nanoribbons showing smooth, pleated BN
overlayer on the nanoribbon, but with higher density of granules on the
surrounding buffer layer. The ribbon is along the step edge indicated by
the straight line of granules and exhibits no granules within the ribbon
boundaries showcasing the promise of LAD for nanostructures.
(b) BN on monolayer Si-face graphene exhibiting a pleated morphology
and few granular clusters
Figure 4.8: 3 of 4. Surface morphology of 15 nm thick LAD deposited BN on epitaxial
graphene surfaces exhibiting selective area growth of 2D BN films with pleated morphol-
ogy on graphene surfaces. The tight pleated structure visible on the buffer layer and SiC
surfaces indicates a higher level of pinning than on graphene, but demonstrates that if the
conditions can be modified, 2D BN films can be grown over the entire system.71
(a) BN on C-face monolayer graphene domains showing smooth BN films
over the graphene domains and a granular structure outside
(b) BN on few layer C-face graphene retains pleated structure, even after
BN deposition
Figure 4.9: 4 of 4. Surface morphology of 15 nm thick LAD deposited BN on epitaxial
graphene surfaces exhibiting selective area growth of 2D BN films with pleated morphol-
ogy on graphene surfaces.
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(a) Contact AFM image of pleated hBN surface on monolayer graphene.
(b) Profile of the line selected in (a).
Figure 4.10: The pleated surface of the hBN film is due to the negative in-plane CTE of
2D materials. The heights of the pleats are 5-15 nm, corresponding to the expected CTE
induced strain. Sample S0119-53JG76
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With BN thicknesses above 20 nm, the concentration of crumpled granules on pleated
regions increased. Due to the large strain in the system, there is a critical thickness, above
which, the film transitions to favoring granule formation. The increasing stress within the
layers overcomes the weak van der Waals interlayer force and causes the BN sheets to
crumple. No sp3 hybridized boron is identified in XPS, even on highly granular surfaces,
which offers support for a crumpled paper morphology. The size of the granules can be
related to the mobility of the surface with high mobility surfaces presenting large granules.
Similarly, the areal density of granules can be considered. The granule size, d, varies such
that dgraphene > dbufferlayer > dSiC , as shown in Figure 4.11. Graphene surfaces exhibit
higher mobilities and, thus, lower nucleation densities; SiC offers many nucleation sites
and lower mobilities. The nucleation site density can be clearly seen by depositing gold on
an overgrown graphene nanoribbon at elevated temperatures, as shown in Figure 4.12. As
such, higher substrate temperatures are expected to facilitate 2D growth on buffer layer and
SiC surfaces by providing thermal energy to overcome potential wells on the surface.
Figure 4.11: The surface granule size, d, can be correlated to the surface nucleation density
and mobility of SiC, buffer layer, and graphene. As expected, the nucleation density is
highest on the SiC surface and lowest on graphene.
Incomplete films reveal the lateral, epitaxial growth front, as shown in Figure 4.13. The
nucleation density is very low on monolayer graphene, with nucleation sites separated by
up to 1 µm. The lateral growth rate is approximately 1.5 atoms per half cycle. This is larger
than the 1 atom/half-cycle expected from an ideal LAD growth due to an over-saturation of
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Figure 4.12: The density of nucleation sites is related to the roughness and bonding char-
acter of the surface. Graphene exhibits very low roughness and no dangling bonds which
significantly reduces nucleation density compared to buffer layer. Here, the density is
clearly demonstrated by gold particles which were deposited in a UHV evaporator on a 500
◦C overgrown graphene ribbon.
boron. Further process optimization is expected to resolve this problem.
The dendritic structure and symmetric hexagonal symmetry are also indicative of ex-
cess boron concentration and low processing temperatures. Higher processing temperatures
are known to improve crystallinity by improving surface diffusion. Dendrites form under
diffusion limited conditions. The equilibrium crystal shape for BN is a truncated triangle.
This stems from the broken symmetry compared to graphene, which exhibits hexagonal
grains, due to the non-equivalent lattice sites containing boron and nitrogen. As a sig-
nificant number of nitrogen sites are occupied by boron atoms, the relative difference is
reduced resulting in hexagonal structures.
Boron Nitride Chemical Structure: X-ray Photoelectron Spectroscopy
X-ray photoelectron spectroscopy (XPS) is a powerful tool to probe surface chemistry and
composition. The low energy photoelectrons can only escape from the top few nanometers,















Figure 4.13: Oriented hexagonal growth fronts are visible in incomplete films after 1200
cycles. The growth rate was approximately 1.5 atoms per half cycle. The distance between
nucleation sites on monolayer epitaxial graphene is up to 1 µm. Sample 49JG43-S0123.
typically monochromatic Al K-alpha (Ephoton = 1486.7 eV). This ejects core electrons.
The kinetic energy,Ekinetic of the electrons is then detected and the binding energy,Ebinding
of the electron can be determined, such that
Ebinding = Ephoton − (Ekinetic + φ) (4.1)
where φ is the work function of the detector. The process is described in Figure 4.14.
This elastic process describes the primary peaks in an XPS spectra. However, loss
mechanisms can also occur, and are critical to understanding sp2 bonded materials. The
π − π∗ transition, which is present in both graphene and hBN, is about 6-9 eV. This loss in
kinetic energy causes a satellite peak at 6-9 eV higher in binding energy. The presence of
these peaks is one of the best ways to chemically differentiate sp2 and sp3 BN as the B1s
and N1s peaks are found at nearly identical positions. In sp3 BN, no satellite peaks will be
observed.













Figure 4.14: In XPS, the kinetic energy of photoejected core electrons is measured. The
binding energy can then determined as described in Equation 4.1.
graphene after Ar sputtering on a Thermo K-alpha XPS. Once the adventitious surface car-
bon is removed, hBN, graphene, and SiC XPS signatures are identified, as shown in Figure
4.16. The B 1s and N 1s peaks each present one significant component, centered at 190.8
eV and 398.5 eV, respectively, corresponding to literature values for sp2 hybridized BN.[8,
135, 167] Satellite peaks, occurring at 198 eV and 406 eV are present for both B and N,
respectively, due to the π−π∗ transition which are not present in cubic (sp3) BN.[168] The
peaks do not shift throughout the thickness of the film indicating homogeneous chemical
structure. Comparing the normalized areas, after Shirley background subtraction, yields a
B:N of 1:0.81, indicating a nitrogen deficiency. The C 1s spectrum reveals two dominant
components: graphene at 284.5 eV and SiC at 283.3 eV. Buffer layer could not be iden-
tified, likely due to intercalation. The Si 2p spectrum shows only a pure SiC contribution
at 100.8 eV. The oxygen spectrum (not shown) is primarily composed of a small concen-
tration of metal oxides at 532.3 eV, likely SiO2 and B2O3. Granular BN films were also
analyzed and reveal sp2 bonding, supporting the crumpled sheet morphology.
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Figure 4.15: XPS depth profile taken from a 10 nm thick BN on monolayer graphene
film. The B (191 eV) and N (398 eV) spectra are indicative of sp2 bonding with no other
significant component present. The slight shift in the B and Si spectra after the first etch
cycle (red) is due to the removal of surface oxides. The significant shift in the C spectra is
due to the removal of adventitious carbon.
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Figure 4.16: Ion sputtered XPS spectra after removal of the Shirley background showing
decomposed contributions from BN, graphene, and SiC.
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Boron Nitride Chemical Structure: Raman Spectroscopy
Raman spectroscopy, performed in Loiseau’s lab (ONERA-LEM, Chatillon, France), of
the first few layers of hBN on graphene reveals a strong E2G peak at 1370.6 cm−1 with
FWHM of 47.5 cm−1, as shown in Figure 4.17. The 2D graphene peak occurs at 2735
cm−1 confirming that the peak is related to the hBN. The bulk hBN film reveals a large
background signal, which is likely due to the excess boron content in the film and defect
states in the gap due to the nitrogen deficiency (see Figure 4.24). Similar broadening has
also been observed for BCN alloys.[169] The band gap of BN is about 6 eV which should
not be overcome by the 532 nm (2.33 eV) laser.
Figure 4.17: Raman of the a few layer hBN flake after exfoliation of most of the hBN film
reveals a strong E2G peak with FWHM of 47.5 cm−1.
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Boron Nitride Crystal Structure: X-ray Diffraction
High resolution X-ray diffraction (HRXRD) scans, as shown in Figure 4.18, confirm highly
ordered hBN layers. The hBN (0002) peak is located at 25.5◦ 2θ corresponding to an inter-
layer spacing of 3.50 Å. This represents a 4.8% expansion over bulk hBN (3.33 Å), likely
due to rotational stacking faults, residual intercalated hydrocarbons, or induced stress from
cooling. Despite the expansion, the rocking curve was measured and found to be 0.04◦ indi-
cating a highly oriented stack of BN layers. The interplanar spacing of graphene is nearly
identical to BN, so to confirm that the source of the peak was from the BN deposition,
scans were taken prior to BN growth which do not show a graphene peak for monolayer
up to few layer graphene due to the small cross section. XRD spectra were also taken of
granular BN films on SiC and did not exhibit any features besides the SiC substrate peaks
confirming that the pleated morphology is a characteristic of 2D BN layers. The granular
BN morphology of these films may be composed of crumpled-up BN sheets as the XPS
signals from both granular and layered BN are identical indicating sp2 bonding for both
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Experiment: 3.49 Å   Bulk BN:  3.33 Å   4.8% expansion
Figure 4.18: HRXRD showing hBN growth on epitaxial graphene sample. The background
scan shows that the peak is not due to the single layer of graphene on the surface. The
BN(0002) rocking curve is indicative of a highly oriented sample. Sample S0119-53JG49.
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Boron Nitride Crystal Structure: Transmission Electron Microscopy
Cross-sectional scanning transmission electron microscopy (STEM), energy dispersive X-
ray spectroscopy (EDX), and electron energy loss spectroscopy (EELS) studies, performed
by Gilles Patriarche (Figure 4.19) and Annick Loiseau’s lab (Figure 4.21), present a clear
layered hBN film. The substrate for the sample images was few layer Si-face graphene
on 4H-SiC. Lamella with thicknesses of 70-80 nm were prepared by David Troadec via
focused ion beam (FIB) milling with a gallium beam following deposition of 50 nm of
amorphous carbon to protect the hBN and graphene from ionm bombardment and to reduce
delamination. The images were taken along the 〈112̄0〉 zone axis. EDX was performed to
determine the extent of Ga-ion damage, differentiate graphene and hBN, and to examine
the chemical uniformity of the film.
The high resolution images, presented in Figure 4.19a-c, confirm the van der Waals
solid structure. The stacking order of the BN layers can be seen in Figure 4.19b, con-
firming hBN. The spots within the hBN layers are AA’ stacked, as opposed to ABC for
rhombohedral BN. No grain boundaries were observed at the graphene-hBN interface over
1.5 µm of cross sectional scans, with each imaging spanning approximately 75 nm, as
shown in Figure 4.20. Atomic planes within the hBN film have interlayer spacing of 3.6
Å, which is in agreement with the XRD results. This spacing is expanded with respect
to bulk hBN (3.33 Å), likely due to partial intercalation from the high temperature hydro-
gen growth environment, induced strain, and stacking faults. Faint lines between some of
the bright hBN layers indicate the presence of these faults. Further, atomic positions are
also visible in the graphene layers, as seen in Figure 4.20b, confirming that the hBN grew
epitaxially. It is also worth noting that the first graphene layer is offset from the topmost
SiC layer by 4.5 Å, similar to the 4.2 Å reported for quasi-freestanding epitaxial graphene
following hydrogen intercalation.[170]
The bonding character of the hBN film was probed with EELS at various distances from
the graphene surface as shown in Figure 4.21a. The spectra, shown in Figure 4.21b, reveal
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Figure 4.19: Cross-sectional STEM of BN on few layer Si-face epitaxial graphene taken
along the 〈112̄0〉 zone axis. a) High resolution image depicting coherence in the hBN layer.
The disorder present at the interface of the BN and amorphous carbon protection layer is
due to an insufficient carbon protection layer which resulted in Ga ion damage as seen in
EDX (Figure 4.22). The graphene layer identification is taken from the EDX analysis. b)
The stacking order is AA’, corresponding to hBN. c) The interlayer spacing of the hBN
layer is 3.6 Å. The spacing of the first graphene layer is expanded to 4.5 Å, likely due
to hydrogen intercalation of the buffer layer. The stacking order of the hBN can be seen,
confirming hBN. d) EDX analysis shows the intact graphene interface, damage due to the
FIB preparation, and uniform BN composition. The imaging was performed by Gilles
Patriarche.
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(a) The critically important graphene-hBN interface exhibits no defects over at least 70 nm.
(b) Zoom of full image showing atomic positions in the SiC, graphene (first 2 layers), and hBN film,
confirming epitaxy of all three layers.
Figure 4.20: Cross sectional TEM reveals a pristine graphene-hBN interface and epitaxial
growth. Imaging performed by Gilles Patriarche.
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a sharp π∗ peak at 191.1 eV, which is indicative of sp2 hBN at the graphene interface.[171,
172] The hBN film begins to deteriorate after about 7 nm from the graphene surface (blue
dot) as oxygen and carbon are incorporated into the film. This is confirmed via an EDX
profile shown in Figure 4.21c It is not possible to differentiate damage due to the FIB
preparation from inherent defects in the film.
The graphene layer was confirmed to survive via EDX analysis, shown in Figure 4.19d.
A thin region composed entirely of carbon overlaps with the first 2-3 atomic layers, cor-
responding to the buffer layer and 1-2 layers of graphene on the Si-face. These layers are
intact with spacing consistent with EG. The nitrogen EDX signal is consistent throughout
the hBN layer confirming uniform chemical composition throughout the hBN film. Boron
does not provide sufficient contrast against the background signals due to its low atomic
number. A high gallium and carbon content were observed in the top of the hBN film
corresponding to the region where the hBN film appears to deteriorate 7-10 nm from the
graphene surface. This degradation is at least partially due to an insufficient amorphous
carbon protection layer for the FIB lamella preparation. While the interface is coherent
along the length of the scan, a fast Fourier transform of the top layers revealed a reduced
coherence length of 5 nm.
Boron Nitride Crystal Structure: Low Energy Electron Diffraction
Low energy electron diffraction (LEED) probes the out-of plane diffracted electrons and
gives information on the in-plane atomic arrangement. Typical electron energy is between
20-200 eV. The low energy often limits penetration depth to a few atomic layers. This is
makes LEED particularly useful in the epitaxial graphene system as surface reconstructions
can be readily observed. If the incident and scattered electron wave vectors are k and k′,
respectively, the condition for constructive interference, and, therefore a diffraction spot, is
(k′ − k) · d = 2π × integer (4.2)
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(a) EELS analysis was conducted at various distances from the graphene-hBN interface. Sharp hBN
plane are visible near the graphene surface.
(b) EELS spectra shows degrading hBN film
with distance from the graphene interface. It
is not possible to separate the contribution
from the FIB preparation from any inherent
disorder in the film.The colors refer to spe-
cific locations shown in Figure 4.21a.
(c) EDX profile confirming that there is no
significant carbon or oxygen content within
the film. The graphene/hBN interface is lo-
cated at 120nm. The energy spectra of the
red (disordered hBN film) and blue (crys-
talline hBN film) highlighted regions are
shown.
Figure 4.21: EELS analysis shows a sharp π∗ peak at 191.1 eV which is consistent with
sp2 BN. EDX confirms that there no significant carbon or oxygen content in the crystalline
hBN film near the graphene interface. This study was performed in Annick Loiseau’s lab.
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Figure 4.22: Cross sectional EDX analysis reveals uniform BN composition and a sharp
interface between the graphene layer and hBN film. The carbon protection layer was insuf-
ficient, so Ga damage from the FIB preparation is seen at the top of the film.
where d is all lattice vectors in the surface plane, such that
d = n1a1 + n2a2. (4.3)
The vectors a1 and a2 define the lattice on the surface. The Bravais lattice of the surface
can be determined from the diffraction pattern.
LEED was performed in the lab to probe the underlying graphene structure. Figure 4.23
shows the LEED pattern generated by 227 eV electrons. The high energy was necessary to
probe the hBN, graphene, and SiC simultaneously. Two hexagonal patterns rotated by 30◦
are evident and correspond to the lattices of graphene and hBN and SiC. The buffer layer
reconstruction is not visible, either due to hydrogen intercalation or, more likely, the short
coherence in the buffer layer due to the BN over-layer. If randomly oriented BN grains
were present, a ring would be observed near the graphene spot radius. This is especially
impressive considering that the LEED spot size is a few mm.
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Figure 4.23: LEED taken at 227 eV of a Si-face monolayer graphene sample coated in 15
nm BN. The graphene and hBN spots coincide and SiC spots are clearly visible. No rings
are visible, confirming the rotational orientation of the hBN film. No buffer layer signal is
visible either due to the short coherence in the buffer layer or due to hydrogen intercalation.
Sample S0129-53JG79
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Graphene Quality after hBN Coating
The quality of the underlying graphene was examined post BN deposition via Raman spec-
troscopy, LEED, and electronic transport studies. The BN film exhibits significant broad-
ening, masking the underlying graphene Raman signature. Due to the extremely weak in-
terlayer bonding between BN and graphene, the BN layer could be mechanically removed
leaving behind clean graphene surfaces, which are more strongly bonded to the SiC. Ra-
man spectroscopy was performed on these exposed surfaces. Monolayer graphene samples
were analyzed to confirm that the D peak, which is related to defects in the graphene layer
( 1375 cm−1) did not appear due to the high temperature hydrogen environment or chemi-
cal attack from the NH3, as it is known to attack graphite. Figure 4.24a shows the Raman
spectra line map across the boundary between the BN film and epitaxial graphene surface,
showing minimal change in the graphene as a result of BN deposition. The 2D peak po-
sition remained at 2715 cm−1 and the FWHM broadened from 45 to 56 cm−1, which is
typical for hydrogen intercalated monolayer Si-face EG. There is a possibility that a dam-
aged graphene layer could have been removed with the BN film. The same experiment
was done on overgrown graphene nanoribbon samples to determine the extent of hydro-
gen intercalation of the buffer layer. As seen in Figure 4.24b. No graphene peaks were
present in the spectra taken on the exposed terraces, indicating that hydrogen intercalation
was inhomogeneous.
Van der Pauw resistance measurements on monolayer Si-face epitaxial graphene coated
with 20 nm of BN reveal P-type doping of the graphene. The sheet resistance was found
to be 172 Ω/. The resulting carrier density was 1.5 × 1014 cm−2 with mobility of 70
cm2/V·s. Virgin epitaxial graphene monolayers exhibit similar sheet resistance, but with
carrier concentrations of 1012 − 1013 cm−2.
Due to the linear band structure of graphene, the product of the observed charge density
and mobility can be correlated to sheet resistance. These results are comparable to charge
densities of 1013 cm−2 and mobilities on the order of 1,000 cm2/V·s which corresponds
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(a) Raman spectra taken from areas covered by BN and from the clean underlying graphene show
that the graphene is not damaged during the deposition process. The slight broadening of the 2D
peak is indicative of bilayer formation due to hydrogen intercalation of the buffer layer.
(b) Raman spectra showing that the buffer layer was not widely intercalated during the hBN growth
process as no 2D peak develops on the buffer layer covered terraces. The background after hBN
exfoliation is due to incomplete removal of the BN film.
Figure 4.24: Raman spectra taken before and after hBN deposition. After exfoliating the
hBN film, the underlying graphene could be accurately probed.
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to high quality, monolayer epitaxial graphene layers, indicating that the low mobility in
graphene transport is due to adsorbate doping and not damaged during hBN deposition. A
different sample exhibited carrier densities of 3.7−6.6×1013 cm−2 from 4 K to 300 K, again
with P-type doping. There was no observed change after annealing at 420 K, indicating
that the hBN layer provided good protection from environmental contaminates. Future
experiments will seek to modulate the induced charge density in graphene by controlling
the stoichiometry of the hBN layer and modulate the BN composition to induce in-plane
static electric fields.
The Fermi level of the graphene can be determined from the carrier concentration. The





where gs is the spin degeneracy (2), gv is the valley degeneracy (2), and vF is the Fermi





D2D(E)(1− fFD(E, T ))dE (4.5)
where fFD is the Fermi-Dirac distribution: (e
E−EF
kBT +1)−1. Thus, Fermi level corresponding
to the above mentioned charge density is -0.71 eV at 4 K. The literature says that there is a
10 meV divergence from linearity at 0.75 eV, justifying disregard for sub-bands [173].
Conclusion
Cyclic precursor injection onto hot, high mobility substrates yields a unique, row-by-row
growth mode. Here, the lateral atomic deposition process was identified while explor-
ing traditional processing space for 2D heterostructure production. Vertical, epitaxial het-
erostructures of hBN/graphene/SiC were produced with a pristine graphene-hBN interface.
The processing space afforded by a commercially available Aixtron showerhead reactor
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combined with a refractory substrate and high quality epitaxial graphene surface enables
large epitaxial 2D heterostructures via LAD, whereas ALD of 2D materials grown on metal
foils results in polycrystalline films with nanoscale grains.
4.3 Development of Lateral Atomic Deposition Technology
Further study is needed to optimize the LAD process prior to device fabrication. Specif-
ically, the growth temperature, TEB:NH3 ratio, and post growth annealing should be ex-
amined to produce stoichiometric hBN films. Following, the stability of BN films in harsh
environments and electric fields will need to be studied to determine the efficacy of hBN
as a passivation layer, gate dielectric, and tunneling barrier for epitaxial graphene devices.
Finally, process times must be reduced for industrial applications.
Further characterization and optimization are required to understand the growth mech-
anism and improve the quality of hBN on epitaxial graphene. The preliminary results were
obtained from a sequential deposition of TEB and ammonia which limits vapor phase poly-
merization and can provide highly controllable growth dynamics. The particle formation
on the surface of the films, induced strain, and the presence of defect bands, as evident by
Raman and lack of signal from low temperature cathodo-luminescence, indicate that there
is room for structural and chemical improvement. The high charge density of the graphene
indicates high adsorbate doping from the hBN. Also, hydrogen intercalation should be
avoided or reversed for hBN integration into graphene nanoribbon-based nanoelectronics.
4.3.1 Deposition Mechanism
High temperature CVD processes completely decompose metalorganic precursors on the
hot surface (>1000 ◦C). The carbon tails in TEB strongly decompose above 800 ◦C, as
demonstrated by a sharp increase in carbon content with substrate temperature in Figure
4.25. As such, the growth of hBN via cyclic introduction of TEB and ammonia can largely
consider the movement and reactions of atomic species on the surface.
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Figure 4.25: The ethyl tails in TEB strongly decompose at temperatures in excess of 800
◦C. This decomposition introduces large amounts (6:1 C:B)of carbon into the BN film
which must be chemically removed.
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Ammonia requires higher temperatures for efficient cracking. As shown in Figure 4.26,
substrate temperatures below 1000 ◦C result in very little incorporated nitrogen. Once
temperatures exceed 1200 ◦C, there is sufficient ammonia cracking to to produce BN.
Figure 4.26: Ammonia requires substrate temperatures in excess of 1200 ◦C to incorporate
sufficient nitrogen into the BN film.
Hydrogen is an effective carbon etcher due to production of methane (CH4) vapor. The
effect of hydrogen was compared to inert atmospheres, as shown in Figure 4.27. Under inert
atmosphere (He or high vacuum) carbon content increased with temperature due to increas-
ing decomposition of the TEB ethyl functional groups. In contrast, a hydrogen atmosphere
showed a sharp reduction in carbon content as the substrate temperature exceeded 1000 ◦C.
The hBN growth rate on graphene was observed to be about 1/3 that as was observed
on sapphire.[126] As described in Equation 1.28, Levy flight conditions occur for species
with weak bonding to the surface, such as atomic species on graphene. Levy flight, not only
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Figure 4.27: Carbon content was sharply reduced under high temperature hydrogen atmo-
sphere compared to inert atmosphere. Under helium or high vacuum conditions, carbon
content increased with substrate temperature due to TEB functional group decomposition.
Hydrogen effectively etches nanoscale graphitic domains, reducing the carbon content to a
few at% after the substrate temperature exceeds 1000 ◦C. The series at 1300 ◦C investigated
ammonia dosage, another source of hydrogen. Increased ammonia dosage reduced carbon
content.
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enables long mean free paths (high adatom mobilities) but also enables species to glide over
step edges and other reactive sites. Under these conditions, the mobile species can remain
unpinned on the surface for enough time that they are likely to desorb, slowing growth
rates. Therefore, a balance between long mean free paths, as is desired to uniformly coat
larger structures, and growth rate must be determined. Higher temperatures will encourage
faceted crystal growth, but growth rate is expected to sharply decline.
4.3.2 Stoichiometry
Additional runs must be conducted to understand both the nucleation and growth dynam-
ics to improve the stoichiometry of the hBN film. In the growth process, the III/V ratio
is controlled by the relative doses of the TEB and ammonia cycles. Dosing tests need to
be conducted to determine the optimal III/V ratio to achieve the correct stoichiometry and
maximize processing efficiency. The nitrogen deficiency should be corrected by increasing
the V:III ratio or varying the temperature for each half cycle. As the metalorganic molecule
decomposes well below the substrate temperature, it is likely that the process was over-
dosing TEB, resulting in several rows of boron per cycle which could not be completely
nitridized. Thus, a reduced TEB dosage should be included in the increased V:III ratio. A
higher temperature for the ammonia pulse will also create more active nitrogen, but would
require an induction heater for sufficiently high cycle time to be practical.
The structure of the hBN film must also be improved, specifically after the first few
layers and on the surface. To eliminate vapor phase reactions, sufficient purging time must
be allowed between cycles and care must be taken to reduce the effects of precursor de-
composition in the high temperature reactor. Nucleation studies will then be conducted to
determine proper surface seeding and nucleation temperature dependence to reduce nucle-
ation delay and aid in the growth of monolayer BN films.
Once proper growth conditions are established, drawing from the LPCVD results, high
temperature annealing under high vacuum, forming gas, and nitrogen should be studied
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to improve crystallinity and reverse intercalation. Graphene devices coated in BN can
then be exposed to various environments, including air, oxygen, water vapor, and organic
compounds at various temperatures to assess the efficacy of BN for protecting the graphene
transport. These proposed studies will provide several pieces of information:
1. Can stoichiometric BN layers be deposited with an LAD?
2. Does the BN retard further SiC graphitization and can hydrogen intercalation be
reversed?
3. Is BN a suitable high temperature dielectric for graphene?
4. Can the induced charge density in the underlying graphene be modulated with BN
stoichiometry and can lateral composition gradients induce in-plane static electric
fields?
4.3.3 Nucleation Control
Nucleation site control for self-assembled nanostructures is critically important. In typical
processes, nucleation most often occurs at defect sites on the substrate including step edges,
screw dislocations, vacancies, or impurities. With the exception of step edges, these are
dispersed randomly which while suitable for blanket coatings, is not suitable for producing
large arrays of self-assembled nanostructures.
In the epitaxial graphene system, there are two advantages: pristine, nearly defect free
surfaces and sharp material interfaces. The pristine graphene surfaces largely eliminate
island nucleation. On monolayer graphene sheets, nucleation sites have a density of < 1
µm−2 at a deposition temperature of 1270 ◦C, as seen in Figure 4.13. For nanostructures,
no nucleation sites will be present besides the edges. Further, the lateral interfaces between
graphene, buffer layer, and SiC act as heterogeneous nucleation sites. While the SiC and
buffer layer surfaces do provide nucleation sites, the critical graphene surfaces support a
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(a) On monolayer graphene films, the un-
derlying topography reduces the local nucle-
ation barrier leading to BN clusters decorat-
ing the step edges.
(b) The interface between graphene and
buffer layer serves as a nucleation site for
LAD processes. For small graphene do-
mains, island nucleation is unlikely to occur.
The graphene ribbon is outlined in red.
Figure 4.28: Surface topography and material interfaces serve as preferred nucleation sites
for LAD processes. This make LAD ideally suited to coat nanostructures.
single lateral growth front. This important feature will enable controlled growth of lateral
films with the option for atomically precise composition and material changes.
Graphene nanoribbons are an ideal platform for exploring this technology. Sharp in-
terfaces between 2D BN layers and granular BN films are seen at the interface between
graphene and buffer layer. As the technology progresses, patterned nucleation edges will
need to be developed. Atomic layer etch (ALE) is the etching analog to ALD. Selective
ALE processes enable direct etching of nanostructures with high precision and are a clear
starting place for creating sharp nucleation edges. Lateral atomic etch chemistries must
still be developed for 2D materials. The strong bonding may prove problematic, especially
for etching sp2 bonded materials, such as graphene and hBN. In such cases, pre-patterned
structures, such as those used for graphene nanoribbon production could be used.
Precise control over the number of layers is also critical for electronic layers. Tempera-
ture is a well known control to transition between island nucleation and lateral growth.[174,
175] Higher temperatures enable adatoms to overcome the larger energy barrier associated
with jumping a step edge, thus favoring equilibrium crystal shape. In the case of 2D mate-
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rials this will favor lateral growth for low precursor fluxes. Therefore, a change in growth
temperature can be used to tune the film thickness. An alternative method would be to re-
duce the precursor flux as grain size grows to ensure that stable nuclei are unlikely to form
on the terrace.
4.3.4 High Speed LAD
Similar to the slow vertical growth rates in ALD, the previously presented LAD work has
been conducted under slow lateral growth conditions. The cycle times used in this study
are on the order of a few seconds, but as several thousand cycles are needed to cover an
area of a few hundred nanometers ( 1 Å per half cycle), growth times were several hours
resulting in only a few layers. Industrial applications would desire a high speed process.
Owed to the high temperatures accommodated by the graphene, SiC, and hBN used in
this study, it is conceivable to ramp up the cycle rate to 10-100 Hz. High temperatures
enable fast desorption of unused precursors and byproducts. This is far faster than ALD
processing and will enable processing times on the order of a few seconds for monolayers.
The following will present an overview of the underlying physics and a proposed apparatus
to explore high speed LAD technology for industrial applications.
As described in Equation 1.28, the feature size to be coated will determine the feasibil-
ity of high speed LAD. Fortunately, nanostructures present ideal dimensions for high speed
coating and, as such, a feature length scale, L, of 100 nm will be assumed. The deposition
zone will be defined as an area of L2. Smaller length scales relax the equipment require-
ments. Larger areas, such as several microns, demand very tight control over the maximum
flux.
In order to guarantee that adatoms find their way to an edge before nucleating a cluster,
only a single mobile adatom must be present on a deposition zone. Assuming a random
walk, which will give a lower bound, a hopping frequency of 1014 Hz, and an average




N ), a surface diffusion time of 10−8 s is found. A half cycle must have a dwell time
longer than this.
Surface limited growth is not possible with metalorganic precursors due to decompo-
sition of the ligands at high temperatures. As such, with current metalorganic precursors,
the boron dosage must result in only partial edge saturation and the second half-cycle must
provide a species which cannot over-saturate, such as nitrogen. It is convenient to consider
fluxes in µmol/s which is controlled by a dosing system, so for the sake of discussion of
a research scale apparatus, the total deposition area of the beam is on order of 1 cm2. The
maximum flux is then simply the product of the number of deposition zones and the maxi-
mum flux per zone (number of concurrent adatoms/hopping time). For the case of L = 100
nm, the maximum deposition flux is 1.66 µmol/s. Naturally, the width of the molecular
beam can be widened to relax this requirement.
From a practical standpoint, the total pulse time must also be reasonable. The source
pressure and valve geometry determine the timing for the desired dosage. The flow through

















whereC is the discharge coefficient, p1 is the pressure of the source, p2 is the pressure of the
chamber, Ta is the temperature, Fγ is the specific heat ratio, xT is the differential pressure
factor, and d0 is the orifice diameter. For reasonable values for miniature high speed valves
(d0 =0.3 mm, C =0.25), and partial pressure of TEB at 20 ◦C (47 Torr), injecting into a
vacuum chamber will yield a flow rate of about 0.5 µmol/s which is below the maximum
limit established above. This gives pulse times of 76 µ sec which is within the range of the
pulse valves discussed in the next section. If large 1 µm features are desired, the pulse time
drops to 7.6 µ sec which will demand moving to a chilled or dilute precursor. Very small
structures will require a larger valve to maintain high frequency operation.
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where P and T are the pressure and temperatures of interest and Hvap is the heat of vapor-
ization. For TEB, Hvap=36.9 kJ/mol and the vapor pressure at 25 ◦C is 53 Torr.
Supersonic Jet Epitaxy
When a high pressure source is exposed to a low pressure environment through a small
aperture, a supersonic jet can be formed, as shown in Figure 4.29. Under such conditions,






where γ is the heat capacity ratio given by Cp/Cv, R is the gas constant, T0 is the nozzle
temperature, and m is the molecular weight of the gas species.
As the jet expands, the pressure approaches the surrounding pressure and the flow be-
comes turbulent at the Mach disk. The size of the Mach disk, Dm will be related to the
uniformity of deposition. It is clear that uniformity will be a challenge when operating
with jets as opposed to effusion cells, as Dm/D < 1 under most pressure differential
regimes.[176] However, due to the tight radial delivery of precursor, the use of precursor
will be reduced and costs will be lower. Further, deposition onto the walls will be limited,
reducing concerns related redeposition of reaction by-products.
Uniformity can be problematic in supersonic jets as the flux distribution is proportional
to cosx θ where θ is the angle from the center of the source, as shown in Figure 4.30. For
supersonic jets, the distribution is strongly dependent on θ such that 4 < x < 22.[177,
178, 179] Typical effusion cells vary with cos θ. The higher values of x tend to arise from














Figure 4.29: When a high pressure source, Pj , expands into a low pressure environment,
P0, through a small orifice of diameter, D, a supersonic jet can form. As the jet expands,
the Mach disk, at distance xm from the nozzle represents the region where Pj becomes

















Figure 4.30: The angular dependence of beam density is proportional to cosx(θ), where
4 < x < 22 is typical for jets, while x = 1 for effusion cells.
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High fluxes demand high pumping speeds. As the ambient pressure increases, the jet
will experience interference which can accelerate the transition to turbulent flow and intro-
duce impurities into the beam. In order to limit the flux, small orifice diameters and low
gas pressures are employed. For the case of high speed pulses, the pumping rate will also
dictate the cycle time.
One advantage of employing supersonic jets is the ability to modulate the kinetic en-
ergy of precursor species and to achieve much higher energies than in effusion cells. The
adiabatic expansion as molecules exit the nozzle into an evacuated chamber leads to signif-
icantly fewer collisions and provides a narrow energy spread.[181] The maximum kinetic





It has been shown that with increasing kinetic energy, the probability of adsorption
also increases. By utilizing kinetic energy to supplement the thermal energy needed to
overcome activation barriers such as ES barriers or chemisorption barriers, the substrate
temperature can be reduced compared to other deposition techniques. It follows that the
chemisorption temperature dependence is also reduced.[182] This offers two advantages
for LAD technology:
1. Lower processing temperatures can be employed to retard graphitization, reduce in-
tercalation, and limit decomposition of less stable 2D materials, such as the transition
metal dichalcogenides.
2. The high kinetic energy leads to a dissociative pathway with limited temperature
dependence (reduced carbon content)
Combined, these two points greatly expand the application space for pulsed supersonic jet
LAD technology.
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One way to tune the kinetic energy of the jet beyond geometric constraints is to seed the
precursor in a carrier gas. If the carrier is of a lower molecular weight than the precursor,




< Cp > T0, (4.10)
where mp is the precursor molecular weight and < m > and < Cp > are the average
molecular weight and heat capacity of the mixture, respectively. This relation leads to
kinetic energies of 1-10 eV which is 1-2 order of magnitude over thermal kinetic energy
and is comparable to chemical bond strengths.[183, 184, 181] As an example, diluting
in He compared to H2 improved growth uniformity from x = 20 to x = 8.[185] One
drawback to seeding a lighter carrier jet is a tighening of the angular spread leading to
reduced uniformity.
Pulsed supersonic jets of trimethylgallium (TMG ) have been explored with continuous
AsH3 sources for homoepitaxial growth of GaAs(100).[186, 184, 187, 188] Low concentra-
tions of TMG (1%) in H2 were necessary to access sub-monolayer per pulse control. Pulse
widths were a few ms separated by 1 s purge. A further benefit to the high kinetic energy (4
eV) when heavily diluted was a reduction in carbon content due to improved dissociation
of the TMG molecule.[184]
Equipment Specifications
It is clear that pulsed supersonic jet epitaxy holds promise for LAD technology. Short
pulse times, seeded jets, reduced thermal activation, and improved purity compared to CVD
processes lead to the following equipment considerations and specifications. Figure 4.31
outlines the plans for construction of a high speed, pulsed jet epitaxy system. The system
is readily scalable to larger substrates, additional precursor injection ports, plasma sources,












Figure 4.31: Schematic for a fast LAD system based on pulsed supersonic jet epitaxy. Mul-
tiple, high speed precursor valves inject gases into a carrier jet. The system is inductively
heated and high vacuum capable.
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Vacuum System
Tight control over the ambient conditions including background gases, redeposition, and
base pressure is demanded for jet stability.
While the supersonic jet ensures that precursor molecules will arrive at the surface in
a pure environment, they demand a low background pressure. As the ambient pressure,
P0 approaches the pressure within the jet Pj , turbulent flow occurs at the Mach disk. The
Mach disc is located at xm from the nozzle of diameter, D. This mixing will introduce
ambient molecules into the jet and contamination into the film. As such, the location of the
substrate should lie at x < xm. Several experimental[189, 176, 190] and theoretical[191,






Further, as precursors decompose once they interact with the surface, the high pressure of
a supersonic jet will ensure that there is only a single interaction.
To maintain the jet stability, a high speed turbo pump (> 2000 l/s) backed by a mechan-
ical pump is recommended to achieve base pressures < 10−7 Torr and maintain constant
Pj/P0. Exhaust gases should be run through a gas reactor column to neutralize toxic fumes.
Precursor Sources: Boron
High purity precursors are vital, but even more vital is choosing chemistry which undergoes
the optimal chemical pathways. Different precursor molecules can drastically affect the
morphology of the heterostructure, even if the same material is grown. This is particularly
true for 2D materials which can be readily intercalated with foreign molecules, even at
moderate temperatures. Keeping with the example of BN-epigraphene, vapor and liquid
boron sources and various methods of nitrogen production will be discussed, but similar
arguments hold for other materials as well.
Typical sources of boron include metalorganics, such as trimethylboron (C3H9B; TMB),
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triethylboron (C6H15B; TEB), and simple hydrides, such as diborane (B2H6). Most MOCVD
and ALD processes use the metalorganic precursors. The vapor pressures are reasonable
and can be modulated with temperature, dilution can be achieved through a bubbler, reason-
able growth temperature are accessible, and growth rates are excellent. The added ligands
are used in ALD processes to enable the self-limiting growth regime. Due to these rea-
sons and ease in scaling MOCVD systems up to high volume manufacturing, metalorganic
precursors have attracted much attention.
However, for BN growth, relatively high temperatures (> 1000◦C) are required which
is sufficient to break the C-B bond. At growth temperatures below 700 ◦C, self-limiting
growth has been observed, but at the cost of reduced crystallinity. In general, with suffi-
cient dosage control, thermally decomposing the precursor is not a problem; however, as
growth temperatures rise, carbon from the ligands can also be incorporated into the film
and released hydrogen begins etching graphene edges and intercalating beneath graphene
layers leading to a blurred interface. Hydrogen will preferentially etch carbon as opposed
to BN by producing volatile CH4, until the temperature rises such that methyl also starts
to decompose. The crystallinity of BN has been shown to improve up to temperatures of
1800 ◦C[193], so precursors which do not contain carbon (or any foreign species) would be
preferred. The same conclusion has been reached for industrial UHV CVD systems, such
as those for depositing strained silicon. Simple hydride precursors, such asSiH4, GeH4,and
B2H6, are strongly preferred.
Diborane is a vapor source without any carbon-containing tails. While this will com-
pletely eliminate carbon incorporation, it will limit access to self-limiting conditions. As
such, tight control over dosing must be maintained. Under-dosing the boron will be most
effective for stoichiometric producing BN films. If bottom-up fabrication of nanostructures
is desired, a self-limiting route may be preferred and may be achieved through pulsed su-
personic jet lateral atomic deposition. Similar safety considerations must be followed for
diborane as the pyrophoric metalorganic precursors.
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Precursor Sources: Nitrogen
Nitrogen is often provided via thermal decomposition of ammonia (NH3) or by activat-
ing atomic nitrogen. Ammonia is a convenient nitrogen source with reasonable crack-
ing temperature.[194] No additional equipment is necessary, reducing apparatus cost and
maintenance concerns. However, ammonia contains hydrogen which, even at the mod-
erate decomposition temperature, presents the opportunity for graphene etching and, cer-
tainly, hydrogen intercalation. Intercalation transforms buffer layer into quasi-freestanding
graphene, effectively modifying graphene nanoribbon structures. Reversal will be chal-
lenging under a BN capping layer. For these reasons, a pure nitrogen source is desired.
Activated nitrogen is often produced via ionization, electron-cyclotron-resonance (ECR)
discharges, and RF plasmas. It is well known that ionic species are damaging to graphene
and must be effectively screened if atomic nitrogen sources are to be used.
ECR sources are most common in the literature and are readily available. A solenoid
couples the nitrogen gas to 2.45 GHz microwaves to produce a source of atomic, ionic,
and molecular nitrogen. The dissociation efficiency can approach 10%.[195, 196] Growth
from ECR-generated activated nitrogen must be maintained at low growth rates to limit ion
induced damage.
RF (13.56 MHz) plasma activated nitrogen sources are common in commercial CVD
and ALD systems. However, when used for graphene devices, ions must be effectively
screened.
An RF discharge supersonic jet nozzle was demonstrated to produce atomic nitrogen
jets.[197, 198] Dissociation efficiencies were up to 60% in 1% N2 seeded He beams. The
higher dissociation rates, compared to ECR, are related to the higher pressure than in ef-
fusion sources. Substrate biasing can be used to reduce damage from ion bombardment.
It has been suggested that an Ar beam would have several benefits, namely, a lower first
ionization potential and improved momentum transfer to the activated nitrogen to increase
its kinetic energy. It has been shown that kinetic energies in excess of 10 eV can cause
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surface damage providing an upper bound for the processing space.[199, 200]
Gas Delivery System
The response rate of mas flow controllers (MFC) is insufficient for high speed dosing. As
such, a dual seeded jet design is recommended. Such a design has several advantages:
1. Readily tunable kinetic energy
2. The pressure at the substrate surface will always be higher than the ambient disal-
lowing ambient contamination or desorbed species from the walls from reaching the
film
3. Pulses can be lined up in the flow for ultra-fast cycle times without the need to purge
4. Addition of precursors for heterostructure production is simple
High speed pulses will be required for precursor injection. In this space, direct injec-
tion automotive valves offer competitive specifications at a significantly lower price point
than scientific pulse valves, as outlined in Table 4.2. Parker Series 99 valves are industry
standard for high speed injection into UHV chambers at moderate temperatures. Recently,
automotive fuel injection is moving to direct injection into the cylinder. These valves are
designed to function at high temperatures with all metal and ceramic construction, and,
naturally, are suited to corrosive chemicals and tight timing tolerances. Gasoline combus-
tion cylinder walls can reach temperatures of 200-300 ◦C.[201] The Bosch gasoline direct
injection solenoid valve, shown in Figure 4.32, is one such product which compares favor-
ably to Parker solenoids at a fraction of the cost. Further, the metal seals will provide much
higher reliability and reduced downtime compared to the polymeric seals which must be
regularly replaced.
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Figure 4.32: Bosch Gasoline Direct Injection valves are well suited to reliable high fre-
quency injection of corrosive vapors. Image from Bosch.
Substrate Handling
Substrates will be inductively heated. A BN-coated graphite susceptor mounted to a rotary
stage will improve reliability and uniformity. The surface of the sample will be the closest
surface to the jet nozzle to ensure no reacted precursor molecules reach the surface.
The susceptor will raise into a BN or Al2O3 reaction chamber. The high thermal con-
ductivity of these materials will enable radiative heat to be transported to the chilled metal
chamber walls to minimize precursor decomposition on the walls. A viewport will enable
pyrometer temperature measurement.
4.4 Future Materials
In order to become industrially relevant, the LAD material library must be expanded to
include other 2D materials. An obvious first candidate is graphene. Vertical heterostruc-
tures of graphene-BN-graphene will enable various transistor geometries. Graphene and
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Table 4.2: Specifications for Bosch HDEV 5.2 Gasoline Direct Injection Pulse Valve com-
pared to Parker Series 99
Parameter Parker Series 99 Bosch HDEV4
Injection time 70-5000 µs
Seal Material Polymeric Metal
Actuator Solenoid Piezo
Orifice Size 0.1-0.79 mm
Pressure Rating 8.5 MPa 20 MPa
Operating Temperature 4-105 ◦C -196-300 ◦C
Leak Rate 10−8 cc/s/atm He 4× 10−5 cc/s/atm He
Cost $700 ea $100 ea
hBN fill the roles of conductor and insulator in the 2D material library. Transition metal
dichalcogenides (TMDs), such as MoS2 and WSe2, are 2D semiconductors and provide the
final pieces to create electronic devices. Most TMDs have a direct band gap of about 2 eV.
The thermal stability of these materials is significantly reduced compared to graphene
and hBN which has made direct deposition of arbitrary stacks containing TMDs difficult.
LAD technology offers a unique opportunity, through tuning the kinetic energy, to reduce
the necessary substrate temperature to enable arbitrary stacking.
Sulfur and selenium are available as simple hydride gases, H2S and H2Se, respectively.
Metalorganic precursors, such as Mo(NMe2)4[202, 203, 161] and W(Co)6[202, 118] have




It has become clear that further advances in epitaxial graphene device performance and
fundamental transport studies require integrating high quality dielectric materials into the
epitaxial graphene system as a gate, tunneling barrier, and enviornmental protection layer.
Despite decades of research, metal oxide growth on graphene surfaces always results in
island formation leading to pinholes, electromigration pathways, and non-uniform electric
fields. A promising avenue is epitaxial 2D dielectric materials, such as hBN, due to the
inherit similarity in bonding character and lattice to graphene which will eliminate many
of the problems with amorphous metal oxides.
Boron nitride offers the ideal platform for 2D heterostructure growth and has been
shown to offer improved transport over metal oxide dielectric layers in graphene devices.
However, transfered dielectric layers induce charge puddles due to trapped impurities and
damage from the mechanical transfer process. Therefore, direct growth of 2D heterostruc-
tures has gained much attention in recent years; however, large scale, uniform van der
Waals solids on epitaxial graphene has not been demonstrated.
This research is a pioneering study of a novel lateral atomic deposition technique, the
2D analog to ALD. As a proof-of-concept, multilayer oriented hBN, preferentially grown
directly on epitaxial graphene surfaces was demonstrated. No observed difference was
found between the morphology of BN grown on C-face or Si-face epitaxial graphene mak-
ing it a suitable dielectric material for all epitaxial graphene studies. The growth was not
influenced by the number of graphene layers; however, hBN grown directly on SiC and
buffer layer exhibited higher densities of surface granules. AFM and SEM analysis of the
surface morphology revealed a wrinkled structure similar to multilayer C-face graphene, a
characteristic of van der Waals solids grown on traditional substrates at elevated tempera-
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tures. The hBN layers on graphene exhibit a high degree of orientation along the c-axis as
indicated by HRXRD and HRTEM and are of uniform chemical composition, as shown by
XPS.
5.1 Future Work
5.1.1 2D Heterostructure Nanoelectronic Devices
Boron nitride epilayers will serve two functionalities for graphene nanoelectronics: graphene
passivation and dielectric device layers. However, these functions lead to fabrication com-
plications when it comes to contacting the underlying graphene. Ideal graphene passivation
conditions involve coating the graphene in situ to avoid atmospheric moisture, oxygen, and
hydrocarbon contamination. On the other hand, device fabrication necessitates contacting
high quality graphene structures. There is no selective chemical etchant for BN, so plasma
etching or mechanical lithography will be necessary to expose the graphene. Alternatively,
it may be possible to deposit and pattern refractory metal contacts, such as tungsten, or
amorphous carbon contacts prior to hBN growth. The observed hBN growth characteris-
tics demonstrated a high degree of selectivity for 2D hBN on graphene surfaces adjacent
to SiC and buffer layer regions. Care will be needed to ensure continued graphene quality
throughout processing.
A dry etching process for patterning BN will be required to access the underlying
graphene. The active species in BN etching are Ar, SF6, and BCl3, all large molecules that
significantly contribute to physical bombardment, and therefore will not enable suitable
selectivity between graphene and BN. This work will implement the recent demonstrations
of improved charge carrier injection with one-dimensional contacts[204], which will also
alleviate the etch selectivity problem. Dry etching via FIB or RIE will be used to access the
edge of the graphene layer. Metal or amorphous carbon will then be deposited into the pits
and annealed to establish a conductive pathway to the graphene, as shown in Figure 5.1.
















Figure 5.1: The 1D contact fabrication process. 1) Grow graphene structures. 2) Coat with
hBN. 3-4) Pattern contact pits with RIE. 5) Deposit contact material. 6-7) Pattern contacts.
8) Anneal to form 1D contact to graphene.
extra processing to deposit a patterned mask on top of the graphene. As one of the motivat-
ing reasons for this research was the inability to deposit high quality oxides on graphene,
and since photoresist residue is known to be particularly troublesome to completely re-
move, hydrogen silsesquioxane (HSQ) offers a possible solution. HSQ can be spin coated
and cured into a SiO2 glass layer. It can then be patterned with resist and cleanly etched
with HF. Metal or amorphous carbon can then be deposited and patterned to contact the
graphene surface.
The ultimate goal is to realize integrated graphene tunneling FETs (TFET) with ballistic
leads. A split-gate geometry, as described in Figure 5.2, could be explored utilizing hBN
as the gate and nanoselective area GaN growth to fill the gaps [18]. By tuning the density
of states in the graphene leads, tunneling through the GaN could be modulated.
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EXPERIMENTAL EQUIPMENT: LPCVD SYSTEM
A high vacuum, low pressure chemical vapor deposition (LPCVD) system was built to
explore ammonia borane BN production. Earlier work in the de Heer lab had utilized
an atmospheric pressure dual zone furnace, but results showed granular films without any
crystalline order. Oxygen content was also high and processing times were long due to the
slow temperature ramping. It is suspected that the thermal mass of the system contributed to
parasitic reactions which polymerized BN chains in the vapor. A new system was designed,
as shown in Figure A.1, to remedy these challenges and provide access to new processing
space.
Film purity is critically important for electronic performance and epitaxial growth. Am-
monia borane only contains boron and nitrogen. The terminating hydrogen atoms are un-
likely to incorporate into the film and hydrogen intercalation can be reversed by subsequent
vacuum annealing. As such, the purity of the films will be dominated by the atmosphere.
Ultra high purity gas sources were used, but to further ensure low oxygen levels, the system
was pumped down to < 10−7 Torr by a turbo pump prior to deposition.
The reactor vessel itself was fabricated out of quartz glassware in a linear, two zone de-
sign, as shown in Figure A.2. The high temperature chamber contained a graphite suscep-
tor, which was heated via external induction coils. This ensures that only carbon, silicon,
and ammonia borane products are present within the high temperature zone. The induction
heater enables temperatures up to 2000 ◦C before the quartz loses mechanical strength.
Since ammonia borane is an excellent hydrogen source and since hydrogen readily attacks
graphite, a quartz liner could be implemented to isolate the substrate from the susceptor.
However, this geometry limits the temperature to about 1400 ◦C. It is important to note
that as boron diffuses into the quartz surface, borosilicate glass is formed which has a sig-
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Figure A.1: The LPCVD system provides access to deposition pressures from 10−4 Torr
up to atmospheric pressure in a ultra high purity environment. The dual chamber design
connected by a diffusion tube limits particles in the film.
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nificantly lower softening point (820 ◦C vs 1670 ◦C for fused quartz). If higher annealing
temperature were desired, a separate annealing tube was used without the quartz liner, but
would require breaking vacuum. As most metals have significant vapor pressures at these
temperatures, an external pyrometer was used to control the temperature while ensuring
purity.
Figure A.2: Custom tube LPCVD reactor layout
The high temperature chamber was connected to an upstream chamber containing the
ammonia borane precursor through a narrow, heated tube. As the ammonia borane pre-
cursor decomposed, the vapor pressure built up and was carried towards the substrate by a
carrier gas of 5% H2 balanced with Ar. The precursor chamber and connecting tube were
heated with heater tape to 70-150 ◦C. The tube was heated to minimize deposition, and
thereby desorption, from the walls. A stainless steel filter was in place to prevent ammonia
borane grains from being carried toward the substrate.
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APPENDIX B
EXPERIMENTAL EQUIPMENT: HIGH TEMPERATURE PULSED
PRECURSOR SYSTEM
Commercially available ALD tools are limited in temperature to about 1000 ◦C, so a custom
reactor was designed and built to provide fast precursor pulsing and substrate temperatures
up to 1700 ◦C. The completed system is shown in Figure B.2. A quartz walled reaction
chamber held a graphite susceptor which supported the substrate. As in the LPCVD system,
a turbo pump enabled a base pressure of 10−7 Torr to combat oxygen contamination and a
pyrometer controlled induction heater controlled the temperature.
In contrast to the LPCVD system, the boron and nitrogen sources were separated as
triethylborane (Strem Chemicals, 98%) and electronic grade ammonia (Linde, 99.9995%)
to eliminate vapor phase parasitic reactions. The ammonia was purified by a GateKeeper
Hydride gas purifier which reduced O2, CO2, an H2O levels to < 12 ppb. Gas lines were
welded or fitted with VCR connections to ensure high purity to the reaction chamber. The
gas lines and valves were heated to 120 ◦C to prevent precursor deposition and parastic
reactions. The helium carrier gas was also purified to < 100 ppt O2 and H2O. A UHP H2
source was also available.
The precursors were dosed into a carrier gas of He or H2 by high speed ALD pulse
valves (Swagelok), as shown in Figure B.3. The carrier was controlled via a mass flow
controller (MFC) with downstream shutoff valve to enable high vacuum annealing and
growth processes. Exhaust vapors were run through a molecular sieve to remove unreacted
precursors.
Processing pressure was monitored via two pressure gauges: a Pirani gauge (Edwards
APGX-H) to monitor the pressure during the deposition process and a cold cathode (Pfeif-
fer PKR 251) to determine base pressure and system cleanliness. The Pirani element was
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Figure B.1: A custom, high temperature ALD tool was designed to improve BN film nucle-
ation reduce granular cluster formation. Elements in cyan are related to the He carrier gas,
yellow are the NH3 source, magenta are the TEB source, red are the processing chamber
components, and green are the pumping components.
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Figure B.2: The HT-ALD system provides access to substrate temperatures in excess of
1700 ◦C, temperature ramp rates of up to 100 ◦C/s, a base pressure of 10−7 Torr, and
precursor pulse widths down to 10 ms.
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Figure B.3: The precursors are dosed into a carrier flow of He or H2 via ALD valves. The
heated lines are welded or fitted with VCR fittings to ensure high purity.
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heated to 100 ◦C which minimizes deposition and improves reliability. The cold cathode
gauge was valved off during deposition.
The induction susceptor and sample holder was machined out of high purity (< 50
ppm ash) graphite (Graphtek LLC). A schematic is shown in Figure B.4. The design chan-
neled flow over the hot sample surface and held the sample stationary during pulses with
a reduced exit diameter. The recessed outer face lengthen quartz lifetime by minimizing
contact points which tend to darken the quartz, and thus disrupt reliable readings by the
two-color pyrometer. During experiments using H2 as a carrier, the graphite was signifi-
cantly damaged and had to be replaced every 2-3 runs. A welded molybdenum susceptor
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Figure B.4: Schematic of graphite susceptor for the high temperature LAD furnace. Di-
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